UNIVERSITY OF CALIFORNIA

Los Angeles

Theoretical Modeling of the High Temperature
Helium Embrittlement in Structural Alloys

A dissertation submitted in partial satisfaction of the
requirements for the degree Doctor of Philosophy

in Engincering

by

Jamal Nasser Al-Hajji

1985




TABLE OF CONTENTS

ACKNOWLEDGEMENTS-IOQQQQQI--lCl--l.‘uooo.lo.-.o.lo.....c.oo...-..‘....viii

ABSTRACT-.--.--cto.I..----.---o.--l-c-.l--cl--l-cl.cl-.-lcl-cl.cncl--.ix

CHAPTER I. INTRODUCTIOND.lool..t.00.|.l...-o.ntto..o.o...oo.o..t.oo...l

1.

2-

4.

FRACTURE AND TRRADIATION..cnveveevronsnonrnsrnnsonnaosnsnacnnanssnuansnesl
SOURCES OF HELTUMuuuusuusensesnsnnsnseesecsassnnssnnsasassesnnnnneed
2.1. The Role of Nickeli.osceucasessocsosansssnnniossancssoanssvoncd
2.2. The Role Of BOTONsescowossrarsssasscsnssvasncssussssscssnssssd
2.3. Helium Production in Fusion ReactorS.cesessssssssessescssressadh
DEGRADATION OF DUCTILITY BY HELIUM AND ITS IMPACT ON FUSION AND

FISSION.BEACTORS...........}.......................................8

THE SIGNIFICANCE OF MODELING THE HELIUM EMBRITTLEMENT PROBLEM......8

CHAPTER ITI. REVIEW OF EXPERIMENTAL AND THEORETICAL ﬁESEARCH ON

HELIUM EMBRITTLEMENT . ssseeveasasacsvosossscsnssncssssvosanll
DEGRADATION OF THE DUCTILITY OF STRUCTURAL ALLOYS BY HELIUM.......13
HELTUM EMBRITTLEMENT OF FERRITIC VERSUS AUSTENITIC STEELS..:eves4.18
COMPARISON OF NEUTRON {REACTOR) AND IMPLANTATION RUPTURE DATA.....138
THEORETICAL MODELS:eecoesvcensvavsvnsensnssnscnscnssansvsnsssnassss)
4.1. Theoretical Models of Creep Fracture In the Absence of

Trradiationeesessecsssssesncsscasassossassnsacsascncsssnsncsesll
4.1.1. Cavity Growth by Vacancy DiffusioNeecscesecessasaasal?
4.1.2. Theoretical Models Predicting the Monkman-Grant

Relationshipicecacecssccassssvncassascsnnncsssnasossld

ifi




4.1.3. Cavity Growth Models to Account for the Source of

VacancieSeieescascsansnasaasaasansassansaasesssrsesselB
4.1.4. HNucleation of Cavities at Second-Phase Particles

in Grain BOundaries..........................;..;...29

4,2, Theoretical Modeling of Helium Emb;iftlement................31

4,2.1. The Effect of Stress on the Growth of Helium

BUbbleSeeecsvsuosscsacsuanassasatsssasssocsosssnnnssall
4,2,2, Theoretical Treatments of Bubble Nucleation at

Grain BoundarieS...essecesacssssasacansascannensesensld
4.2.3, The Growth of Sub-Critical Bubbles on

Grain BoundarieS.ceeecccssccnsscnscssanssncssvassnsssdh
4,2,4, Trinkaus and Ullmaier Model of

Helium Embrittlement.ccsessccsacraccscscnssanseaneseld

4-2-5- The Cul‘rent Modelntc.cct.n....l..oooo;ooooiooo.l.l¢.37

CHAPTER III. STRESS—-CONTROLLED CAVITY NUCLEATION AT GRAIN BOUNDARY

4,

PARTICLES AND TRIPLE-POINT JUNCTIONS.ssssssssccasccacassld
INTRODUCTION. s snnseosasvssssnsssansssernanssassncancnancntasssancsesidh
NUCLEATION OF CAVITIES..eeeeensovccrsosasrsssscscnssnsncsssssesseeniy
2.1. Thermodynamics of Cavity NUCLEationeeeeeseessacesnenonnsosasd?
2.2. Nucleation KineticSeessessssssvsensescssocssssasssssssassnsssdl
VOID GEOMETRIES AND THERMODYNAMIC CONSIDERATIONS.csesnesncacessasesd3
3.1. Void GeometrieS.cassssesssnsssnssssscencasasscssssassaanassesdl
3.2. Thermodynamic ConsiderationS.cecasseascarascssnsscascsnsacasasdh
STRESS CONCENTRATIONS AT PARTICLES AND TRIPLE-POINT JUNCTIONS.....61
hal., TIntroductiON.eesesssescscassscnassassssnsssccasansnsnvesasssbl

4.2. Grain Boundary Sliding and Stress ConcentratioN.s.eseseieseseb5

iv




5-

6l

4.3.

4.h.

4.5.

4.6,

Stress Singularities at Grain Boundary Particles and
Triple-Point JUNCEIONS cansssenseossassnassassesosasssssnssessbB
A Time-Dependent Model for Stress Loading and Relaxation
at Particles on Sliding BoundarieS.seeesssccccsvssssccsnvsnell
4.,4,1., Characteristic Time for Boundary Relaxationeseseesse?2
4.4.2. Diffusional Relaxation of the Stress Concentration
At PATLiCleSecessssccssescasssasoassssrsansasvessanall
4.4.3. Stress Buildup and Relaxation at ParticleS..........78
A Time-Dependent Model for Stress Loading and Relaxation
at Triple-Point JUNCLLIONS eeseaceasnsssssesnssssnsnsssssscaneld
4.5.1. Characteristic Times for Stress Loading at
Triple~Point Junctions Due to Sliding of Grain
BOUNAATIES aenvssrossenssssrssassssnssssncsssnsannseslI
4.5.2. Diffusional Relaxation of the Stress Singularity
at Triple-Point JUDCLIiONS cavsvsacannossancssssnsneesd3
4.5.3. Stress Buildup and Relaxation at Triple-Point
JUNCELONS eeesesrsesannnsssssssesssasesvesssacssseneeBhd

Stress Pulse Calculations...................................86

NUCLEATION CALCULATIONS AND DISCUSSIONS.eseesssssssnscssesncasasae8B

CONCLUSIONS-.---.'.o-I.uo--.tlo..-I-c---.l.l..l.t...l.---lotooocinga

CHAPTER IV. HELIUM CLUSTERING AND TRANSPORT TO GRAIN BOUNDARIES.....104

1.

2.

INTRODUCTION..II.Q...Il.Q.O...l.....l.l.tl....Cl..l.l.l..ll......loa

THEORY OF HELIUM CLUSTERING AND TRANSPORT TO GRAIN BOUNDARIES....107

2. 1'

2.2'

2-3.

Rate Equations.-...--------..-.......-----.o..---.....---..lll
Reaction Rates---------------....-.-o----.......--....-..--115

GaS Conservation--o----------.....o.-.----......-....-.-...120




3.

4-

2.4. Grain Boundary Helium FluX..sseeeesvssosseavescaccsssasnesal2l
2.5. "Constrained” and "Unconstrained" Cavity Growth ModesS.e.e.e.122
RESULTS OF CALCULATTONS.sessessasensessnnsoseasassnasessonnnnnenal25
3.1. Influence of Clustering on Single Gas Atom Transport

to Grain Boﬁndaries........................................125
3.2. Comparison with ExXperimentS....cssssccacsscsccccscsnrsssnssasll?
3.3. Effects of Pre-Existing Matrix Precipitates and

Grain Size on Grain Boundary Hellum GaS..esvessesssscssacssl3d

CONCLUSIONS-..-...t..t.a..oo.'.'..l.'l.l'.l-.l.ll!cnncu.c..t.t...lll'O

NOMENCLATUR.E-----.--coc-------l----I---.ln.0...0....lo.lo.l-l--l.-c-¢144

CHAPTER V. THEORY OF CAVITY NUCLEATION AT GRAIN BOUNDARIES

1.

3.

DUE TO HELIUM.ueeosseooconssncnnsasccsacsnnscacnnsssesssssldd
THEORY OF HELIUM CLUSTERING AT GRAIN BOUNDARIES..ceeseercescaascal’5
1.1. Rate Equations....................................-...;....155
1.2. Reaction RAL@S.ssseessssesnsssasancssnssasssvscacasssssrsnssal’t
1.3. Ga2s ReactionSesssessessessscascasessccssssctssscsscsssennsssld/
RESULTS OF CALCULATIOﬁS..........................................158
2.1. Comparison with Experiments.....................i..........161

CONCLUSIONSI..II.I...l.lllll...l..-t.i....l..l.II.----......--...164

NOMENCLATURE...'I.IIII..----....-.-.-.-I.l.l..l..l..l..l....ll.l.l..I165

CHAPTER VI. RESULTS ON THE EFFECTS OF HELIUM ON CREEP RUPTURE.......168

1.

GRAIN BOUNDARIES AS A VACANCY SOURCE.............................158
1.1. Experimental Evidence.esescescsssscscsscascosescarssansssesld
1.2. Diffusional CreePeesssccessscessacsnassssscasssassssscscnsslbd
1.3. The Role of Grain Boundary Dislocations in Point Defect

Absorption/EmiSSion....................................-...171

vi




5-

l.4. Control of Vacancy Creation/Annihilation in Boundaries by
Lattice DigsloCAlionSeceecsssssssosesssarssssssansasaaccasesl/3
THEORETLICAL TREATMENT OF CREEP CAVITY GROWTHusecvesevvssoassnannsal?5
2.1. Grain Boundary Diffusion Growth Model.sesssesssesescessneesl?9
2.2. Model for Dislocatidn Source Control of VacancieS......s¢s+.183
2.3. Plastic Growth by Dislocation Creepe.eecescescsescsscssssesssal88
PROPOSED COMPREHENSIVE MODEL FOR THE HIGH TEMPERATURE FRACTURE
OF FERRITIC/MARTENSITIC AND AUSTENITIC STEELSsasassesassscssnssseslBY
3.1. Wassilew ExplanatiofNesesssscsssasscssssecsossssnsasasssssssl8d9
3.2. Our Grain Boundary Cavitation Model for Martensitic and
Austenitic AllOVS.eecesssssscsssscssassssaassasssnscssssenssld0
NUMERT.CAL CALCULATIONS AND RESULTS:eesseessvssssscscescasnsnnnsseslI2
4.,1. Assumptionsg, Method, and Input PArameterSeesecccescanvesasald2
4.2. Out—0f—Pile ReSUltSessvssccesasscasssanncssscssvsssnssassssldS
4,2.1. Martensitic Stainless SteelS..euececesscacscasaressl9dS
4.,2.2. Austenitic Stainless SteelS.ecesecscessscessssssasses20l
4.2.3. Martensitics Versus AusteniticS..eacscecesessecssea206
4.3. In-Pile ReSUltSescesesacsscnssasssossssnsacsnsssssssnasssssl00

CONCLUSIONSOCUOII..l-.l..l.ll-.l.l.....l."..l.l.....llll-l..l;lozog

REFERENCES: CHAPTER Io.tolﬂl--lt.toocolqlla----ltnt..o.co-l--ttt.ooiull

CHAPTER IT.ueeeososornacssssasancassssansasnsscessasaseeshl
CHAPTER ITT.veeevroscasnsvassasasssssscnasancessssascesesl00
CHAPTER IVieeeoevossoacssancascssosasnsssassacnsssssossslil
CHAPTER Veeeeeseoscssscnanncossasaasnssassassessssascssnslbh

CHAPTER VI...II.I..'...D.I....I.OIII.--l...l.l.l.....liizls

vii




ACKNOWLEDGMENTS

I would 1like to thank the members of my dissertation committee:
Professor Mohamed Abdou, Professor Amos Norman, Professor Daﬁid Okrent,
Professor Rakesh Savin, and Preofessor Nasf Ghoniem. Professor Ghoniem,
who served as my committee chairman, was especially helpful. His
encouragement, guidance, and enthusiasm have been a constant source of
motivation,

I would 1ike to thank Mr. C. Wassilew and Dr., D. Kaletta
(Kernforschungszentrum, Rarisruhe, W. Germany), and Drs. R. Bullough and
J. Mathews (United Xingdom Atomic Energy Authority, Harwell,
Oxfordshire, England), for providing me with the opportunity to join
thelr research staff during my trip to Europe. I am particularly
grateful to Mr. C. Wassilew for many useful discussions and for the
access to his valuable experimental data.

I would like to thank Joan George for an excellent job editing and
typing the manuscript.

I am indebted to Kuwailt University and the Kuwait Government for
providing me with the opportunity to continue my graduate studies.
Professor Abbas Marafi was especially helpful.

I also would like to thank the staff of the Kuwait University
0ffice in Washington, D.C. for their help and support. In particular T

would 1like to thank Kristine Aulenbach for all her help.

viii




VITA

October 17, 1956: Born, Kuwailt
1979: B. 5., University of California, Santa Barbara

1980: Awarded a scholarship from Ruwait University to con-
tinue graduate studies

1982: M. S. in Engineering, University of California, Los
Angeles

1983: Engineer Degree, University of California, Los

) Angeles

1983-1985: Ph. D. in Nuclear Engineering, University of Cali-

fornia, Los Angeles

Jan.-April 1984: Research Assistant, Rernforschungszentrum, Karlsruhe,
W. Germany '

April-June 1984: Research Assistant, United Kingdom Atomic Energy
Authority, Harwell, Oxfordshire, England

PUBLICATIONS

J. N. Albhajji and N. M. Ghoniem, "The Simultaneous Formation of Both

Vacancy and Interstitial Loops Under TIrradiation,” American Nuclear

Society Transactions, 41-42 (1982) 251.

N. M. Ghoniem, J. Alhajji and F. A. Garner, "Hardening of Irradiated

Alloys Due to the Simultaneous Formation of Vacancy and Interstitial

Loops,” Effects of Radiation on Materials: Eleventh Conference, ASTM-

5TpP-782, H. R. Brager and J. S. Perrin, Eds.,, American Society for

Testing and Materials (1982) 1054-1072.

N. M. Ghoniem, J. N. Alhajji and D. Kaletta, "The Effect of Helium

'

Clustering on Its Tramsport to Grain Boundaries,” to be pub. J. Nuecl.

Mater. (1985).

ix




ABSTRACT OF THE DISSERTATION

Theoretical Modeling of the High Temperature

Helium Embrittlement in Structural Alloys

by

Jamal Nasser Al-Hajji

Doctor of Philosophy in Nuclear Engineering
University of California, Los Angeles, 1985

Professor Nasr M. Ghoniem, Chair

Modeling the high temperature helium embrittlement problem in non—
fissile materials during neutron irradiation and charged particle bom-
bardment 1is the primary objective of this dissertation. The model
describes the helium embrittlement phenomenon as a sequence of four
steps. First, helium clustering in the matrix is modeled usiﬁg rate
theory. This is followed by modeling the traumsport of helium to grain
boundaries. The third step in this work describes the role of helium
and stress In the nucleation of cavities at grain boundaries,
eﬁphasizing the role of precipitates and triple-point junctions. The
last step deals with the growth and coalescence of grain boundary

cavities, until fracture is achieved by cavity-cavity interlinkage.




‘The model shows that in the absence of irradiatiom, grain boundary
sliding plays a significant role in nucleating cavities at grain bound-
ary obstacles such as precipitates. In additiom, it is shown that such
cavities are not spherical but are lenticular in shape. Howevef, helium
is shown to play a larger role in the nucleation of cavities at grain
boundaries as compared to applied stress. Helium can result in orders
of magnitude increase in the demsity of grain boundary bubble nuclei, as
opposed to the influence of the applied stress alonme. However, the den-
sity reaches a steady state once the injected helium reaches ~ 10 appm
in steels. Both helium and stress drive cavity nucleation, which occurs
extremely fast and is not rate controlling in the high temperature
fracture phenomenon. The growth behavior of these cavities determines
the life of -reactor structural alloys. Comparisons of fhe model with
available experimental data show good agreement over a wide range of
conditions.

It is concluded that the helium embrittlement phenomenon can be
mitigated by increasing the matrix and -grain boundary precipitate
density. Matrix precipitates are very efficient traps for helium while
grain boundary precipitates can reduce secondary grain boundary disloca-~
tion climb distance, and hence reduce the rate of vacancy emission from
such dislocations. A new explanation of the resistance of high martens—

itic steels to helium embrittlement is given in the dissertation.
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CHAPTER I

INTRODUCTION

A detailed knowledge and understanding of the mechanical:behavior
of fuel elements or fusion reactor components for a wide range of tem—
peratures, stress states, and irradiation conditions is essential for
the reliable prediction of their performance during normal operation as
well as off-normal situations. Of all the mechanical properties, frac-
ture and loss of ductility under irradiation are least understood. The
problem of loss of ductility at high temperatures after neutron irradi-
ation due to the introduction of helium has been known since the early
1960s [1]. This problem has been termed "helium embrittlement.” In
order to gain some insight into this problem, it is appropriate to look

at the fracture map and how it is altered due to irradiation.

1. TFRACTURE AND IRRADIATION

The fracture behavior can be shown by a plot such as Fig. 1 [2].
Here the regions of the fracture phenomena are shown on a plot of stress
as a function of temperature, normalized to the shear modulus and melt-
ing temperature, respectively. The main purpose of fracture maps 1s to
illustrate trends and general effects.

If we focus our attention on the low stress levels and high temper-
atures (T/Tm > 0.4), characteristics of creep tests, fracture is usually
intergranular in nature. This is clearly shown in Fig. 1. "W'-type
cracks refer to wedge-shaped cracks generally initiated at triple—point
junctions. At higher temperatures and lower stress levels, "R"-type

grain boundary cavities appear. These cavities are usually associated
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ructural Materials, edited by M.L. Bleiberg

and J.W. Bennett, 1977, The Metallurgical Soc-

iety of AIME, 420 Commonwealth Drive,Warrendale,
PA 15086, USA




with second phase particles present at grain boundaries. Surface dif-
fusion acts to lower their surface energy by spheroidization.

Figure 2 shows how irradiation alters the fracture map. The region
of grain boundary cavitation extends over a larger range of temperature
and stress. The map clearly shows that irradiatiom results in a degra-
dation of grain boundaries at high temperatures due to enhanced cavi-
tation of grain boundaries. This enhanced cavitation is a result of
helium presence at grain boundaries. Once helium is present in the cav-
ities, they are termed helium bubbles. The stress—enhanced growth of
helium bubbles in grain boundaries at high temperatures (T/Tm > 0.4), is

the primary cause of the phenomenon of helium embrittlement.

2, SOURCES OF HELIUM

The most relevant parameter to high temperature helium embrittle—
ment is, of course, helium. Helium is generated by neutron irradiation
in reactors via {(n,a) nuclear reactions. In thermal or mixed—-spectrum
fission reactors with sufficient high flux of thermal neutrons, nickel
and boron play an important role in generating helium while in future
fusion reactors, a much wider spectrum of alloys play a significant role
in helium production. A discussion of the role of the various isotopes

in helium generation follows.

2.1. The Role of Nickel

Thermal or mixed spectrum fission reactors with sufficient high

flux of thermal neutrons create high amounts of helium in nickel
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containing alloys because of a special two-step nuclear reaction with

thermal neutrons (nth) and J8Ni:

Byuitn. )N 59Ni(nth,a.)56Fe ]

th?Y

So, reactors with a high amount of thermal neutrons like the High Flux
Isotope Reactor (HFIR) generate about 2200 appm helium in stainless
steel in the first year, together with about 30 dpa [3]. This is a very
high helium generation rate. However, the nickel content is important
only within the presence of thermal neutrons. For fast fission and
fusion reactors, where the thermal neutron flux is small, the nickel

double~capture sequence is not important.

2.2, The Role of Boron

Besides the nickel isotopes 5851 and 59Ni, there exists another
isotope of an element which is present in many austenitic steels and
which has a very high cross section for transmutation into heljum via a
nuclear reaction with thermal neutrons:

10
10

B+n+ 2a + 3T ’

B+n=+ g+ ;Li .

Boron is added to steels to improve hot workability and decrease the
tendency of grain boundary cracking at high temperature [4]. Boron is
known to increase grain boundary precipitation, e.g., M;3(C,B)g. Grain
boundary precipitates are believed to play a significant role in reduc-
ing grain boundary sliding which is closely tied to intergranular cavity
nucleation [4]. However, helium production by beron transmutation,

though small, can play a more serious role due to the tendency of the




boron to segregate at or near grain boundaries at high temperatures. As
a result, the helium created by the 1040 r0n isotope is concentrated in
the vicinity of the grain boundaries. Thus it produces 1ts drastic

embrittling effect.

2.3« Helium Production in Fusion Reactors

The fundamental reaction to consider in D-T fueled fusion plasmas

is

2 3 4 1
1D + IT > ZHe + 0n(14 MeV) .

There are several concepts of magnetically confined plasma devices that
are being studied today, [e.g., Reversed Field Pinches (RFP), mirrors,
and tokamaks]. All of these rely on magnetic fields to constrain the
trajectory of the D+, T+, and He™ ioms to achieve fusion conditions.
Another approach to fusion is to compress deuterium and tritium to very
high densities and temperatures with high intensities of charged parti-
cles orllaser light. Such a mechanism helds the plasma together long
‘enough for more energy to be released than was invested in the compres-
sion. For this reason it is called the inertial confinement approach.
In all of these devices there are three major forms of radiation
emitted from the plasma that could reach the reaction chamber first
wall. These forms are: photons, energetic particles, and neutrons.
Part of the energetic partieles are actually helium iomns and their
impingement on the first wall is a direct helium source into the first
wall. Neutrons from the D-T reaction are highly energetic (14 MeV) and
interact with the first wall in various ways, such as the normal (n,y)

reactions which cause some elements to be transmuted to others. In




addition, the higher enmergy neutrons can produce gaseous atoms via (n,p)
and (n,a) reactions. Of the two types of transmutant atoms, solid or
gaseoug, it has been generally observed that gaseous atoms can have the
greater effect on the mechaniecal behavior of a metallice system; This is
because only a few atomic parts per willion of helium iﬁ alloys sﬁch as
316 stainless steel at elevated temperatures can produce a significant
degradation in mechanical properties {5].

Perhaps the best way to understand why the production of helium
atoms in a fusion environment is so much larger than that in a fission
environment is to examine the energy dependence of the (n,a) cross
section. The total helium production cross section for metallic systems
like A1, Vv, 316 S5, Nb, Ti, and Mo for fusion neutron (14 MeV) are 2-3
orders of magnitude higher thanfthose associated with fission neutrons
which are born in the 1-2 MeV region [6]. This readily shows that heli-
um production rates in fusion reactors will be much higher than in fis-
sion facilities., The amount of helium generated in different materials
in diffeéent Teactors is given in Table 1.

TABLE 1. The helium production rates for various
materials.

appm He/Yr
Material Fusion(a) EBR-TI HFIR
Austenitic 85 (316) 105 13.8 4000
Vanadium 39.6 0.9 0.47
Molyhdenum 33 1.8 3
Aluminum 223 16.3 18

(a)(wall loading 1 MW/m2)[7]




3. DEGRADATION OF DUCTILITY BY HELIUM AND ITS TIMPACT ON FUSION AND
FISSION REACTORS

The ability of materials to defofm freely without fractute is dras-
tically affected in many structural alloys by helium. This effect was
even observed for as low as 0.4 appm helium [8]. The work of Lovell [9]
iliustrates that both the rupture times and rupture strains can be
reduced by a factor of ten or more due to the introduction of a few appm
heliam,

Current design philosophy in the liquid metal fast breeder reactor
(LMFBR) program for the fuel cladding is that at least 0.5% uniform
elongation should be available beyond the yield point. Helium ecan
severly reduce the ductility of the cladding and clad failure might
oceur prematurely during transient overpower accidents as well as
steady-state operatiom. However, the LMFER can operate with a few
failed elements, whereas a fusion reactor probably cannot operate with
as much as one major leak. As a matter of fact, higher levels of
ductility will be required for fusion reactor components [7]. It has
been sugges&ed by Kuleinski [7] that at least a 1% level of uniform
elongation will be required for safe operationm of a fusion reactor. It
has been shown by Bloom et al, [5] that 10 appm helium (much lower than
a fusion environment) can render ductility loss to levels below 1%.

Such embrittlement levels can jeopardize the future of fusion reactors.

4. THE SIGNIFICANCE OF MODELING THE HELIUM FMBRITTLEMENT PROBLEM

Although extensive experimental research has been done by scien-
tists since the 1960s to understand high temperature fracture under

irradiation (e.g., [1,5,8,9]), there remain many unanswered questionms.




The mode of fracture has been proven by many studies which unanimously
point at the stress—enhanced nucleation and growth of helium bubbles in
grain boundaries at high temperatures. But these experimental studies
(reviewed in Chapter TII) have not satisfactorily answered many
questions. The following aspects are still open for discussion:
(a) The influence of material parameters; (b) The dependence of the
microstructure and composition on the amount of helium at grain bound-
aries; (c) The reasons behind the reduced embrittling effect of helium
in ferritiecs as compared to austenitic steels; (d) The reasons behind
the increased embrittling effect of helium at low strain rates; and (e)
The dependence of embrittlement on the damage rate, helium generation
rate, the total helium concentration, stress, and temperature. Thus, no
prediction of the mechanical properties such as time to Ffracture and
fracture strain are yet possible for a given material with given experi-
mental parameters., Even if such laws do exist, their applicability is
quite limited and their value lies in providing an insight to an overall
trend. |

This thesis represents a ;omprehensive attempt to model high tem—
perature fracture. Higﬁ temperature fracture under irradiation is not
an isolated phenomenon, but it is rather closely tied to high tempera—
ture fracture in general. Both phenomena wre considered in the present
model. Modeling fracture phenomena under irradiation will enable scien-—
tists to extrapolate beyond the experimental capabilities and provide an
insight into future designs. A good example of this situation is the
éxpected high radiation damage to the first wall in a fusion reactor.
It is expected that few thousands of atomic parts per million of helium

will be generated in the first wall, as well as a significant amount of




dpa's over the wall operation time [6,7]. Hence, helium embhrittlement
effects will be of much more importance to fusion reactor materials,
however it will be difficult to assess the extent of the embrittlement
without experimental simulation of the fusion reactor enviroﬁment with
respect to radiation damage. Facilities like HFIR cannot provide high
dpa rates to simulate the fusion environment while facilities 1like
EBR-II fall quite short as far as high helium generation is concerned.
It is clear that fusion reactor environment simulation is difficult and
the rtole of wmodeling of such an environment is quite important in
providing an insight into the extent of embrittlement which will be

encountered by the first wall.
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CHAPTER II
REVIEW OF EXPERIMENTAL AND THEORETICAL RESEARCH

ON HELIUM EMBRITTLEMENT

In order to identify the key physical mechanisms of helium-effects
and to develop theoretical models, a review of fundamental findings of
experiments is indispensable. This is particularly important here since
the thesis is a theoretical modeling of these physical mechanisms. The
review of fundamental experimental findings will 5e followed by a review
of early attempts of scientists to model the various physical mech~
anisms. This review will actually set the path for the comprehensive
model which is implemented in this thesis. This will be discussed in

the latter part of this chapter.

1. DEGRADATION OF THE DUCTILLITY OF STRUCTURAL ALLOYS BY HELIUM

The ability of materials to deform freely without fracture is
drastically affected 1n many structural alloys by helium. It was
obseFved by Matlock and ﬁix f1] that the embrittling effect of helium
does occur for as little as 0.4 appm. The work of Lovell [2] illus-
trates that both the rupture times and rupture strain can be reduced by
a factor of 10 or more due to the introduction of a few appm helium.
This is shown in Fig. 1. Figure 1 compares the creep rupture proper—
ties of unirradiated AIST 316 SS with ones tested after reactor irradi-
ation. The irradiation temperature was in the same range as the test
temperature, The figure clearly shows that the introduction of helium
represents a weakening effect which éauses premature fracture. The key

physical mechanism which caused premature fracture was identified as
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enhanced cavity nucleation at grain boundaries due to the introduction
of helium. The growth and coalescence of these cavity nuclei are blamed
for the premature fracture.

To gain a good understanding of the temperature range:over which
helium exercises its detrimental effect, the work of DeVries et al. [3],
is quite valuable. This 1s shown in Fig. 2. where the total elongation
values of irradiated specimens are plotted against testing temperature
from 723° to 1023°K, together with the data band for reference unirrad-
iated specimens tested at strain rates ranging from 6 x 107% to 6 s-L,
From this figure the onset of embrittlement can be observed at a temper-
ature of about 750°K. The fracture strain values decrease with increas-
ing helium content over the temperature range of 723° to 923°K. Im tﬁe
temperature range of 923° to 1023°K, an apparent recovery of ductility
is observed. The recovery of ductility is due to the increased helium
bubble mobility with temperature in this temperature range.

The strain rate dependence of helium embrittlement has been
thoroughly investigated by DeVries et al. [3], over the range of ¢ from
1077 to 10 sl at temperaéures from 723° to 1023°K, The fracture
strains are plotted in Fig. 3. The hatched bands illustrate the differ-
ence hetween the two helium levels in the specimens. The largest
reduction of fracture strain, as a result of the embrittlement effect
due to irradiation (i.e., helium content), 1is observed at the lowest
strain rates (i.e., creep regime). However, at very high strain rates
there is a large region, depending on the helium content, in which the
‘PrE*irradiation has no effect on the rupture elongation. The reason for

these ohserved differences on strain rate is the fact that the bubble
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Figure 2. Increase of helium embrittlement at increasing temperature for

DIN 1.4948 stainless steel (De Vries ¢t al. Ref. [3]). Copyright,
ASTM, 1916 Race Street, Philadelphia, PA, 19103. Reprinted with

permission.
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Figure 3. Influence of strain rate, temperature, and helium content
on post-irradiation total elongatioa of stainless steel
DIN 1.4946 SS (De Vries et al. Ref. [3]). Copyright, ASTM,
1916 Race Street, Philadelphia, PA, 19103. Reprinted
with permission.
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microstructure needs time to develop its detrimental effects, because

bubble nucleation and growth are diffusion controlled processes.

2. HELIUM EMBRITTLEMENT OF FERRITIC VERSUS AUSTENITIC STEELS

The traditional structural alloys for LMFBR have been austenitic
stainless steels or nickel base alloys. In recent years, however, fer-
ritic or highly tempered martensitic stainless steels have been under
serious consideration as alternative materials for fission as well as
fusion applications. Ferritics appear to exhibit a certain degree of
resistance to high temperature helium embrittlement [4]. This is
clearly shown in Fig. 4. The figure compares the ductility of the mar-
tensitic steel 1.4914 with that of the austenitic 1.4970 in the cold-
worked and aged condition after irradiation. For this comparison,
" specimens with similar helium content of 90 appm were used. The dif-
ference in the ductility behavior between the two steels is clearly
recognizable. The ductility of the austenitic steels decrease signifi-
cantly with increasing rupture life because of the growing efficiency of
helium embrittlement with a decreasing deformagion rate. In contrast,
the ductility of the martensitic steel ;hows only a mild dependence on
the deformation rate. It can be concluded, therefore, that the
martensitic steel has a high resistance to helium embrittlement.
Explanations of this phenomenon are limited and will be discussed later

in Chapter VI.

3. COMPARTSON OF NEUTRON (REACTOR) AND IMPLANTATION RUPTURE DATA

To experimentally study the helium embrittlement effect in proposed

fusion first wall materials, one has to simulate the fusion reactor
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environment in conjunction with a test mode to measure mechanical prop-
erties. Mechanical properties can be measured during reactor irradi-
ation (in-pile) or during o implantation (in-beam). This situation
represents an ijdeal testing environment. However, difficulties in
experimental setups to accommodate the radiation environment and mechan-—
ical properties testing simultaneously have driven scientists to pre-
irradiate or pre-implant épecimens, followed by the mechanical test. It
is quite important that irradiation/implantation temperature is the same
as the test temperature.

A collection of creep rupture times tp versus applied stress ¢ on
specimens of a T;~stabilized austenitic stainless steel DIN 1.4970 SS,
irradiated with neutrons (in-pile as well as out—of-pile) and helium im—
planted (in-beam as well as pre-implanted) is presented in Fig. 5 [5].
The figure clearly shows that out-of-pile measurements have a very
strong stress dependence of tp (tR ~ g™), whereas in-pile/in-beam mea-—
surements exhibit a mild stress dependence on tpe This contradiction
cannot be easily ratiomalized but rather it is due to a combination of
various phenomena such as the absence of radiation damage. in post-
implantation/post-irradiation testing and how it affects the micro-

structure, helium re-solution, and the creep rate.

4. THEORETICAL MODELS

As mentioned earlier, the mechanism of high temperature helium
embrittlement is the unstable growth of grain boundary helium bubbles
uﬁder the influence of stress. Electron microscopy (TEM and SEM) have
shown (see Refs. [4,6]) that grain boundaries perpendicular to the

applied stress are affected preferentially. Therefore, all proposed
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models focus on the nucleationm and growth of such bubbles. A summary of
key theoretical models is represented as a flowchart (Figs. 6 and 7).

The discussion of previous work in this area is given below.

4,1. Theoretical Models of Creep Fracture In the Absence of Irradiation

4,1.1. Cavity Growth by Vacancy Diffusion. Hull and Rimmer [7] were

the first investigators to treat the problem of grain boundary cavity
growth, which has been identified earlier by Balluffi and Seigle [8] as
the mode of high temperature creep fracture. Hull and Rimmer calculated
the growth fate of cavities by making a number of assumptions which may

be listed as fgllows:

1. Vacancies could be produced at grain boundaries in sufficient
numbers to allow cavity growth, and that an equilibrium exists

between the vacancy concentration and the local stress.
2. The vacancy fluxes are described by diffusion theory.
3. Rapid surface diffusion maintains spherical cavity surfaces.

4. The normal boundary stress I1mmediately adjacent to the cavity
is maintained at a value equal to 2y/R where y is the surface

tension and R is the cavity radius.

5. The boundary is divided into square unit cells, each associated

with a cavity.
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Hull & Rimmer (1959)
Speight & Harris {1867)
Weertman {1973)
Raj & Ashby (1975)
Speight & Beere (1975)

Hancock (1976)
Beere & Speight (1878)

Edward & Ashby (19789)

OtR = Const.

Ishida & Mclean (1967)
Ashby (1969)
Burton (1972)

" Harris (1973)

_ Beere (1980)

E:tR = Const.

Raj & Ashby (1975)

Source Control
of

Vacancies

Evans,Rice Hirth (1980)
Argon,Chen.Lau (1980)
Lau (1881)

* Shape Factors
* Nucleation & growth

Stress Evolution
and Relaxation
at TPJ and Particles

Figure 6. The significant theoretical model contributions in high temperature

creep in the last three decades.
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Hyam & Sumner (1962)

Growth
Lewthwaite (1971) Instability
Brailsford & Bullough Criterion

(1973}

Stress + Pressure
Beere (1981) Driven

Growth

.

Trinkaus Stress + Pressure
& Driven
fer Nucleatin & Growih
(1979)

Small Bubble
Beere (1964)

Sweeping

At Grain Boundaries

Figure 7. The significant theoretical contributions apalyzing the helium
embrittlement phenomenon.
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The combination of circular and square geometries leads to am
inconvenient mathematical form for the growth rate. Since then many
authors [9-12] have recalculated the growth rate by assuming circular
geometry in the houndary plane for hoth the cavity and the collection
area of vacancies. This greatly simplified the calculation and gives a
simple analytical form. However, the diffusion growth model predicts a
time to rupture tp, inversely proportional to the applied stress. That

is
1

In addition, the diffusional growth model overpredicts the growth rate

of cavities by many orders of magnitude. Experimental evidence (e.8.,

[13]) has shown the rupture'time takes the form

1
tR _Il » (2)
c
or
€
where ¢ is the creep rate. This ‘relationship has been termed the

Monkman-Grant relationship.

4,1.2. Theoretical Models Predicting the Monkman—Grant Relationship.

Hancock [14] presented the first model which results in a Monkman—-Grant—
type relationship. The problem was ﬁodeled as large-scale growth of a
single cylindrical hole in an incompressible viscous solid under a
biaxial state of stress. The model showed that the initial hole-growth

rate for an elastic or viscous solid behaves as
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=T = Re ’ (4)

where R is the radius of the hole. Integrating the previous equation
results in a Monkman-Grant-type relationship. Edward and Ashby [15]
have also considered cavity growth by power-law creep alone. Their
model leads directly to the Monkman—-Grant relationship. However, both
models resulted in an overestimate of the time and strain to fracture,
and predict values for the Monkman—-Grant constant which are too large.
Beere and Speight [16] have suggested that the discrepancies
between the growth models and the Monkman—Grant relationship can be
resolved. They suggested that the voids, when small, grow by diffusion.
which is driven by local stresses, which in turn are fixed by the power-
law creep of the surrounding grains. This is illustrated in Fig. 8.
The size of the diffusion zone depends on the distance mattef can dif-
fuse outward from the void in a time scale Whiéh is dictated by the
strain rate. In turn, this coupled growth model has two limits: (1) At
low applied stfess, the extent of the creep region becomes vanishingly
small so that b tends to c. The void growth is then entirely controlled
by diffusion and hence a Hull-and-Rimmer-type growth model is appli-
cable. (2) At sufficiently high rates, the diffusion zone bhecomes very
small and b approaches a. The void growth is then controlled by plastic
deformation and their model reduces to the one derived by Hancock [14]

for the growth of a spherical hole in a viscous solid without a vacancy

flux,
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Figure 8. Beere and Speight’s model of creep cavitation by
vacancy diffusion in plastically deforming solid [16]
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4.1.3. Cavity Growth Models to Account for the Source of Vacancies.

Grain boundary cavity growth is a process which involves the creation
of vacancies in ample quantitles. Hull—-and-Rimmer-type growth models
[7,9-12] always assumed that boundaries can supply such vacancies with-
out exhaustion. However, ﬁany studies have shown that grain boundaries
are not a perfect source of vacancies (e.g., Balluffi [17], Greenwood
[18], and Gleiter [19]). Several models have been proposed to describe
the inhibition of vacaney creation at grain boundaries. Ashby [20]
proposed that vacancies are created at moving dislocations in the bound-
ary. The motion of such dislocations can be impeded by particles and
cannot proceed unless the Orowan stress 1s exceeded. Dislocation pas-
sage leaves a dislocation loop around the particle, blocking any addi-
“tional dislocation passage. Burton [21] proposed that for a continued
dislocation motion in the grain boundary, the loop must climb in the
particle)mmtrix interface. Harris [22] proposed a similar mechanism
which has been termed loop punching. However, the kineties of these
processes are at present not well understood.

Ishida and McLean [23] have suggested that the vacancy source may
be controlled by dislocation creep. Dislocations moving in the matrix
were considered to enter the boundary and migrate in the boundary by a
combination of c¢limb and glide. Vacancies are created during climb and
migrate to the cavities. Cavity growth can actually be controlled by
the supply of dislocations. Beere [24] suggested an extension of this
model which has been quantified by assuming dislocations to c¢limb, on
averége, a distance equal to the interparticle spacing bhefore re—
entering the lattice. Beere's model produces a cavity growth rate given

by
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dv ﬁz 2.

& ~a ke, (5)‘

where L is the cavity half spacing and A is the dislocation climb:dis-
tance which is assumed to be equal to the interparticle half spacing.
In a later publication, Beere [25] has suggested that overall the growth
rates can be computed by considering grain boundary diffusion to act
independently of the plastic growth by dislocation creep. However, when
grain boundary diffusion is appreciably the faster of the two mechan-
isms, the growth rate might be determined by the dislocation source
control of vacancies. This will be discussed further in Chapter VI.

s

4.1.4. Nucleation of Cavities at Second;Phase Particles in Grain
Boundaries. During the last decade, metallurgists (e.g.; [11,26]1)

adépted the classical mucleation theory to make it applicable to stress-
driven nucleation of cavities at grailn boundaries. Earlier applications
of classical nucleation theory [11] did not satisfactorily explain the
. nucleation phenomenon. The link between grain boundary particles and
cavity nucleation was established earlier (1951) by Servi and Grant
[27]. Their experimental work has shown that in the absence of any
grain boundary obstacles, no creep cavities were present. Harris [28]
had suggested that stress concentrations at inclusions and triple points
could lead to void nucleation. However, Raj and Ashby [11] speculated
that cavities are not nucleated spherical but are lenticular in shape,
and asserted that grain boundary particles are preferable sites for thin
cavities. This actually enters classical nucleation theory as a shape

factor and it reduces the nucleation energy barrier and enhances the
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nucleation rate. This will be discussed in detail in Chapter III. The
Raj and Ashby [11] contribution, in addition to the introduction of the
shape factor 1n classical nucleation theory, is the introduction of é
compounded model in which the mucleation and the growth rates are:inte—
grated sequentially to calculate the time to fracture.

The other approach to bridge the gap between classical nucleation
theory and the observed nucleation hehavior is the one suggested by
Harris [28]. That is, stress concentration at boundary precipitates is
a key mechanism in cavity nucleation. Raj [29] analyzed the role of
sliding with elastic accommodation in building up stress concentrations
at precipitates, ledges, and triple—-point junctions. In addition, the
role of diffusional and power-law creep accommodation, which serves to
relieve such stress concentrations, is also included in the analysis. -

The issue of stress concentration at grain boundary inclusions and
Vtriple—point junctions due to sliding received considerable attention by
Lau [30]. The finite element method was used to calculate the stress
concentration factors associated with grain boundary inclusions in a
power-law creeping material. The numerical results are given in
Chapter TII. Evans, Rice, and Hirth [31] have presented a fairly
complete model of stress evolution and relaxation at triple-point
junctions. Argon, Chen, and Lau [32] presented a model which coupled
grain boundary sliding and the stress evolution and relaxation at
triple~point junctions and precipitates. Howevgr the model was not
Buitable for the description of the nucleation phenomenon.

-Although a large number of attempts have been made to model cavity
nucleation at grain boundary precipitate, no model has attempted to

explain cavity nucleationa at boundaries perpendicular to the applied
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stress. Fracture at high temperatures occurs along perpendicular
boundaries to the applied stress. However, preferred nucleation occurs
on boundaries parallel to the applied stress, since the stress singular-
ity is most severe at obstacles along such boundaries. In the next
chapter, a comprehensive model will be presented to describe the nucle-
ation phenomenon of cavities in the absence of irradiation.

Figure 7 is a flowchart of the theoretical efforts on high tempera-

ture creep fracture.

4.2, Theoretical Modeling of Helium Embrittlement

4,2,1. The Effect of Stress on the Growth of Helium Bubbles. The

growth models of cavities lying on grain houndaries perpendicular to the
direction of the aEplied stress are applicable to the growth of heliu#
bubbles located on such boundaries. However, two aspects of the void
analysis needed changing: the stability eriterion and the wvacancy
concentration at the bubble surface during growth. In the absence of

irradiation, the stability eriterion for a spherical cavity is given by
5
¢ =— |, (6)

whera Yg 1s the cavity surface energy. However, an analogous criterion
for gas-filled bubbles in mechanical equilibrium with the solid was
deduced by Hyam and Sumner [33]. Essentially, the gas pressure and the
appliéd stress cooperate to enlarge the bubble and the growth starts if,
and only if, the bubble is unstable due to the fact that the radius of

the bubble has already reached its ecritical value (R > R ) for a

crit
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given applied stress. This can be explained quantitatively as follows:
If m is the number of gas atoms in the bubble and vy is the surface
tension, then

2 2Y

4
m = 5 TI'R ('—kT » (7)

o

where k is the Boltzmann's constant and T is the absolute temperature.
The mechanical equilibrium no longer holds when the stress g,

assisted by the gas pressure P, is applied. It follows then, that a

change in R takes place and

g+ P =— ., (8)

2YS Ri
o=x (- - )
R

This equation is then the criterion for stability and it reaches a

maximum when R = /3 R,y 1.e.,
_4/3 Vs
=TT - (10)

The moment ¢ > (4/3V3) (Y/Ro), stability is lost and growth starts. The
Hyam and Sumner [33] instability ecriterion is applicable in the post-
irradiafion state, Brailsford and Bullough [34] have derived a similar
Instahility growth relation which is applicable during irradiation. The

Brailsford and Bullough criterion for unstable growth is given by
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-2l 8
9% = 3|%n(t) kT d _ (11)

where m(t) is the increasing number of gas atoms within a bubble with
time. Both the Hyam and Sumner and the Brailsford and Bullough criteria
are applicable only to spherical cavities, however Lewthwaite [35] has
shown that such criteria can be modified to apply to lenticular shaped
bubbles.

Another fact that may be considered at this moment is the vacancy
concentration and interstitial concentration at the bubble surface. It
is shown [36] that the internal pfessure reduces the vacancy and inter-
stitial concentrations at the bubble surféce. Beere [25] has included

this effect in an overall growth model to study helium embrittlement.

4,2.2. Theoretical Treatments of Bubble Nucleation at Grain Bound-

aries. Lane and Goodhew [37] have attempted to model bubble nucleation
behavior at grain boundaries. The model can be described qualitatively
as follows. Implanted helium atoms diffuse rapidly, by an interstitial
mechanism, until they are trapped at a lattice defect or at a grain
boundary. Helium atoms, encountering the interface of the boundary,
will become bound to it. Although helium atoms are bound to the inter-
face of the boundary, they are free to diffuse in two dimensions within
the boundary plane until they encounter other helium atoms. Two helium
atoms were considered a stable bubble nucleus. Helium bubbles are

nucleated until newly arrived helium atoms are more likely to reach an

existing nucleus than another single gas atom. These assumptions
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resulted in a simple analytical form describing bubble nucleation at
grain boundaries. However, the model is strongly dependent upon the
helium arrival rate at grain boundaries. 1In their model, it was assumed
to be constant and was measured experimentally at the end of irradi-
ation. In Chapter IV it will be shown that it is not comstant and it is
strongly dependent on the irradiation conditions as well as material

parameters.

4.2.3. The Growth of Sub—Critical Bubbles on Grain ZRBoundaries.

Recently it has been suggested by Beere [38] that small pre—existing
bubbles situated at grain boundaries can be swept by secondary grain
boundary dislocations during their climb process. This bubble motiqn
induced by dislocations results in bubbles continuously impinging and
coalescing. This process actually aids bubbles in reaching their criti-
cal size. However, the process is limited to high temperatures and

gmall bubbles and isn't applicable to the helium embrittlement regime.

4.2.4. Trinkaus and Ullmaier Model of Helium Fmbrittlement. Rather

than reviewing the details of the Trinkaus and Ullmaier model, it is

more important to mention the key features of their model.
l. The model essentially focuses at the grain boundary area and
the associated damage caused by cavity nucleation and growth.

2. It is assumed in the model that cavities nucleate solely at
- grain boundary precipitates and classical nucleation theory is

implemented to describe the nucleation phenomenon.
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In addition, it is assumed that all helium generated ends up in
grain boundary cavities and results in highly pressurized
cavities. The high pressure represents the driving force for

suberitical embryos to overcome the nucleation energy barrier.

The growth law for the gas-filled bubble is formulated in a
manner similar to that applied by Hull and Rimmer [7] to grain
boundary voids. The Hull and Rimmer growth law essentially

accounts for growth by vacancy diffusion.

Although the model is fairly recent, it is far from complete and

fell short from deseribing all the physics involved in the problem of

helium embrittlement. Our viewpoint is summarized in the following:

1.

2.

The model focuses at the grain boundary region. However, the
helium embrittlement phenomenon extends beyond the grain bound-
ary. Helium which is generated homogeneously throughout the
material (except for the isolated case of horon) and the assoc-
lated irradiation damage iIs a prerequisite to helium embrit-
tlement. Together, they reshape the microstructural features
of the matrix (l.e., matrix bubble nuecleation and growth) and

control the amount of helium escaping to the grain boundary.

The model assumes that grain boundary cavities nucleate solely
at the precipitates. However, experiments (e.g., Ref. [37])

have shown that helium results in a large homogeneous bubhle
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density at grain boundaries. This can seriously degrade the

grain boundaries.

3. In the model, it is assumed that all the helium generated ends
up at grain boundary precipitate bubbles. Helium is knowm to
form homogenecus bubbles within the grains and only a fraction

resides at grain boundaries.

4, TIf the helium balance has been done for the model, there will
not be enough cavity pressure to drive cavity nucleation if

classical nucleation theory is utilized.

5. The model assumes that the diffusional growth of grain boundary
cavities 1s the sole mechanism of'growth, while it 1s a very
well established fact [25] that other growth mechanisms can

operate independently, such as plastic growth of cavities by

dislocation creep [13-15].

The brief rebuttal to the Trinkaus and Ullmaier model is only
intended to show the need for a more comprehensive model to correctly
account for the various physical processes involved in helium embrittle-
ment, The goal of this thesis is to establish such a model. An overall

description is given below.
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4.2.5.

The Current Model. Figure 9 is a flowchart of our proposed

model to describe the helium embrittlement phenomenon. The model can be

gummarized as follows:

1.

4

The creep stress is responsible for cavity nucleation at pre-
cipitafes. Grain boundary sliding does occur at high tempera-
tures under the action of the applied stress and will result in
high stress concentrations at precipitates and triple-point
junctions. The stress amplification, if used in classical

nucleation theory, results iIn observed nucleatlon rates.

Neutron irradiation or ion implantation will result in the
introduction of helium in the specimen along with displacement
damage. Helium atoms can reside in an interstitial position, a
substitutional position, or in a cluster/bubble of helium and
vacancies. The remaining helium escapes the body of the grain
and ends up at the grain boundary. The model utilizes rate
theory to describe the different helium reactions which will
lead to its clustering. A simple expression to describe the
flux of helium to grain boundaries can be derived following the

theory of sink strengths.

Once the flux of helium to the grain boundary is known, the
homogeneous bubble structure at grain boundaries 1s estimated

by utilizing rate theory.

The growth behavior of grain boundary cavities is described by

considering a detailed growth model [25] which takes growth by
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Figure 9, A flowchart of the current model of helium embrittlement,.
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the grain boundary vacancy-diffusion mode to act independently
of growth by plastie deformation. However, plastic deformation
results in dislocations entering the boundary and will act as a
source of vacancies. Dislocations entering the boundary climb,
on the average, a distance equal to the precipitate half
spacing. Precipitates act as obstacles to dislocation climb

and hence limit the supply of vacancies at grain boundaries.

The cavities will grow under the action of stress by the
various growth mechanisms until the boundary can no longer

support the load and premature fracture occurs readily.
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CHAPTER IIT
STRESS—CONTROLLED CAVITY NUCLEATICN AT GRAIN BOUNDARY

PARTICLES AND TRIPLE-POINT JUKCTIONS

1. INTRODUCTION

Over the past decade, a number of theoretical and experimental
investigations have addressed the question of cavity nucleation at grain
boundaries [1-4]. TFor example, Raj and Ashby [3] developed a kinetic
model of classical heterogeneous nucleation by vacancy clustering at
interfaces between precipitate particles and grain boundaries. Their
work revealed that cavity nucleation is in fact stress controlled.
However, the discrepancy between observed nucleation rates and those
predicted by classical nucleation theory led to a widely accepted belief
that cavities are mainly nucleated at grain béundary particles or irreg-
ularities, where high stress concentrations develop.

Although the main theme of the dissertation is helium embrittle-
ment, there exist situations in which most of the helium is trapped in
the matrix and little, if any, helivm can end up at grain boundaries
(Chapter IV). However, the fracture mode at high temperatures continues
to be by a stress-driven growth of wvoids at boundaries orthogonal to the
applied stress. The distinction between void nucleation by helium and
stress has to be made. A theory feor helium—driven nucleation is given
in Chapter V. For the case of stress—driven nucleation, the classical
nucleation theory which was founded by Gibbs [5] is implemented in this
chapter,

During the last decade, metallurgists [3,4,6] have developed the

classical nucleation theory to be applicable to stress-driven nucleation
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of cavities. However, theoretical analysis did not explain many aspects
of the observed nucleation phenomena. 1In 1951, a pioneering experiment
by Servi and Grant [7] showed that in the absence of amy grain boundary
obstacles, no creep cavities were present. This led to speculations
that stress concentrations are present at grain boundary particles and
triple~point junctioms [3,8]. Although the existence of an accentuated
stress at grain boundary obstacles which opposes sliding is an estab-
lished fact, no nucleation calculation has yet linked the two phenom—
enona of stress concentration and cavity mucleation.

In addition, the phenomenon of ecavity nucleation at boundaries
transverse to the applied stress needs to be explained. Although

fracture occurs at orthogonal boundaries to the applied stress,
.

nucleation calculation (e.g., {1-4}) has always been carried -out. at
inclined boundaries [1].

In this Sections 2 and 3, a review of nucleation theory is pre-
sented which includes basic energy barrier calculations to illustrate
the need for the presence of a stress concentration. In the literature
[3], nucleation rates have been used to illustrate the need for the

presence of stress concentration. However, energy barrier calculations

are much more appropriate. Energy barrier calculations rather than
nucleation calculations have alsoc been carried out to illustrate that
cavities can never be nucleated with a spheriecal shape, but should be
lenticular.

In Section 4, a review of the source of stress concentrations at
boundary obstacles and triple-point junctions is given. That section
also includes some time constants which characterize stress evolution

and relaxation at obstacles. Although a form of these characteristic i
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times is given in the literature [9], it is shown here that the loading
times of stress can be derived using Maxwell's visco—-elastic model, The
characteristic loading time of stress at tripie—point junctions derived
here is quite similar to that which is derived using diffusion conservé—
tion equations [9]. The application of Maxwell's model to derive the
characteristic loading time of stress at triple-point junctions is a
different approach from that given by Argon-{9].

In Section 5, nucleation calculations are presented. Stress pulse
calculations are carried out at various boundary orientations are
utilized in the nucleation calculations. Such calculations are the
first to be presented in the literature. The combined model gives a
first quantified explanation of cavity nucleation at what seems to be
orthogonal boundaries. It is shown that localized disturbances on the
orthogonal boundaries can actually explain cavity nucleation at such
boundaries. It is also shown in the present work that if localized
disturbances are present, they will be sufficient to produce enough
sFress accentuations to result in cavity r.lucleation. Another concept
has been added to that of localized sliding which is that sliding occurs
intermittently. This intermittency of sliding can explain experimental
observations that cavity nucleation occurs throughout the creep experi-
ment [10]. Finally, in Section 6 discussions and conclusions are
pPresented.

In summary, this chapter presents the first comprehensive model
linking stress evolution at grain boundary obstacles and cavity nucle-
ation. In the present work, many ambiguous concepts such as cavity

nucleation at orthogonal houndaries are clarified. In addition, the

46




model shows the importance of the intermittency of sliding even at

boundaries orthogonal to the applied stress.

2. NUCLEATION OF CAVITIES

At elevated temperatures of ~ 0.6 T, and medium applied stresses
of ~ 1073 p (p is the shear modulus), grain boundary cavities are
nucleated by diffusional transfer of atoms from grainrboundary precipi-
tate surfaces into the grain boundary. This results in the formation of
a vacancy cluster, which is large enough to overcome the shrinkage ten-
dency under the action of surface energy forces. The local tensile
traction plays a congiderable role in aiding cavity embryos to grow

through a size range where growth is energetically unstable.

2.1, Thermodynamics of Cavity Nucleation™

If Cpax 1s the maximum number of potential nucleation sites on a

grain boundary per unit area, then the number of critical nuclei per

unit area is given by [11]

C. = Coax exp(—AGc/kT) , (1)
where AGc is the change In Gibbs free energy due to the introduction of
cavities on the stressed boundary, k is Boltzmann constant, and T is the
temperature. The change in the total Gibbs free energy AG of a local

System due to the introduction of a ecavity is given by

AG = AG + AG + AG . (2)
5 [4) e
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The three terms on the right-hand side of Eq. (2) are: (1) the energy
change due to the introduction of a cavity surface AGS (positive);
(2) the work dome by the local stress due to the displacement resulting
from the formation of a cavity AGU {negative); and (3) - the released
elastic strain emergy over the cavity volume which has been previously
occupied by highly strained matter AGe (negative).

The energy change due to changes in surface and interface areas is

given by
_ 2 2
AG_ = YT Ypfar > (3)

where r is the radius of curvature, Ve and Y are the surface energies
of the ecavity and the boundary, réspectively, and Fs and Fp are
geometrical factors which are discussed in the next section. The work

done by the local stress is
MG = oyF r . (4)

where o1, is the local normal traction and Fv iz another geometrical
factor which is also discussed in the next section. The elastic energy

change AGe is simply the released elastic energy which was contained in

the cavity volume, and is given by

AG ==—=Fr . (5)
e
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Comparing Eqs. (4) and (5) and realizing that E > gy, we realize that
AGG >> AGe. We can therefore safely ignore AGe. Recalling Eq. (2), the

following expression is obtained for the total emergy:
AG = ~r3F g, + rz(y F -y,F)Y . (6)
v L 5 s B"B

Equation {(6) shows that the barrier to nucleation is the interfacial
free energy of the cluster matrix interface AGS. As shown in Fig. 1,
AG for the formation of a cavity embryo has two components AGS which is
positive and AGU which is negative, AGU is proportional to 3. TFor
physical constants in Eg. (6), AGS increases more rapidly than the de-
crease in AGU when r is very small; the opposite occurs at relatively
large values of r. _Fhen the contribution AGd is first able to prevent
AGS from further iﬁcreasing AG, 3(AG)/3ar = 0. The radius at which this
occurs 1s termed Tos the critical radius; the corresponding AG is
termed AGC, the free energy of formation for the critical nucleus. How-
ever, even though further increases in r occur with a decrease in AG,
not until r corresponds to AGc - kT is the cluster safe against loss of
vacaneies through destabilizing thermal fluctuations. The back and
forth thermal fluctuations can be accounted for by using the Zeldovich
factor [12]. This is presented in Section 2.2. below.

In order to find the AGc, the geometrical shape factors need to be

defined as well as the equilibrium between surface tension forces at the

junction. This is treated in the next section.
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2.2, Nucleation Kinetics

The kinetiecs of cavity mucleation is adequately described by the
current density of cavity embryos from subcritical to supereritical in
size space. The number of supercritical nuclei formed per second is C;
times the time—dependent probability of adding one vacancy to the crit-
ical nucleus P_. P, can be derived from the jump frequency of a
vacancy, which is related to the boundary self-diffusion coefficient,
and from the probability of finding a vacancy at the perimeter of the

critical embryo. This has heen derived by Trinkaus and Ullmaier [13],

and we will use their result
Pv = 2wDb6/Q . (7)

An additional term,  the Zeldovich factor, needs to be - included in
Eq. (1) which takes into account the back and forth thermal fluctuations
between the subecritical and supercritical regimes [12]. This is given

in.[ll] by
zZ = (48vFvyi kT/ci)_I/Z . (8)

Including Eqs. (7) and (8) into Eq. (1), one finds the nucleation rate
for nucleation at precipitate sites is given by
12y A6,

¢ =c (—-——) 50 Db6 exp(— T . (9)
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Equation (9) does not. account for the fact that once a cavity is nucle-
ated its site is no longer available for any additional nucleation. An
additional probabilistic factor needs to be included to account for the

ever decreasing number of available nucleation sites. This is given By

P = —— . (9a)

This factor has been neglected in the literature. Including Eq. (9a)

into Eq. (9) gives

1/2 AG

. 2 c
&=(__ -0O|(—T—) o bs exp(~=—)| - (9b)
max 12Fvyi KT L b kT

’

If we denote all terms within the large brackets by A(t), then we can

rewrite the equation as

T=€ -0 At . (9¢)
The term A(t) is a complex function of time since the local stress is a
complex function of time as it is influenced by the diffusional flow of

matter. Equation (9c) is subject to the initial condition that at

Solving Eq. (9c) results in

-[A(t) dt
max[l - e I ] . (9d)
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cavity nucleation caleulations are carried out utilizing the complex
time dependence of the local stress.
Inspecting Eq. (9b), we notice two values which have been the cen-

ter of controversy, o

L and Fv' The stresses necessary for nucleation

are found to be about 30 times greater than the applied stresses at
which nucleation still occurs [14]. Another school of thought [1] ar-
gues that such high stress concentrations-cannot be reached due to the
instantaneous stress relaxation by diffusional flow of matter. It has
also been argued [1,4] that cavities assume thin, crack-type shapes.
Such shapes help cavities reach equilibrium without the need for the
existance of stress concentrations.

In the next section, we develop expressions for cavity geometries
and their corresponding fshape factors. The final part of the next

section 1s aimed at finding an expanded expression for AGc'

3. VOID GEOMETRIES AND THERMODYNAMIC CONSIDERATIONS

3.1. Void Geometries

Cavities assume different shapes depending on whether they are
formed at two—grain junctionms, triple-point junctions, or at the inter-
face of inclusions present in grain boundaries. The different possible
shapes are shown in Fig. 2. The voids which form at inclusion-free
grain boundaries are common in the presence of irradiation [15]. This is
treated in detail in Chapter V. Cavities which are of type D are the
most commonly observed during creep experiments in the absence of exter—
nal effects such as irradiation [10].

If we focus our attention on a type A cavity, it is expected that

the equilibrium geometry of the cavity in the presence of an interfacial
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stress is lenticular with an apex angle 2¥. This shape is a result of
local equilibrium governed by the vacancy chemical potential at the
curved free surface and the stressed boundary [16]. These cavities are
constrained by local equilibrium at the apex, governed by the frée
energy of the free surface and the free energy of the boundary that it

replaces. Thus, the apex angle is govermned by

ZYS cosy = vy (10a)

B 14
or
- -1
¥ = cos (YB/ZYS) . (10b)

If we define V as the cavity volume, S as its surface area and B as
the grain Epundary area that it occupies, we can express such quantities

in terms of r and ¥. 1In general

V=1 F (Y (11a)
s=r’ P (V) (11b)
B = r? P9 . - (11¢)

The shape factors depend upon the cavity type. They have been cal--
culated for various cavity geometries by Clemm and Fisher [17]. For a

cavity of type A, the dependence of the shape factors on ¥ are

Fv(w) =-% {2 - 3cos¥ + cosaw) s (12a)
FS(W) = 4¢{] - cos¥) . (12b)
FB(T) = siHZT . (12¢)
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At the limit of ¥ n/2, Eqs. (11) and (12) give shape factors appropri-

ate for a sphere:

Fv(%J = %‘H ’ (13a)
F(3) = 47 (13b)
F () =7 - (13¢)

On the other hand, as ¥ decreases L0 2er0, the geometric properties of a

penny-shaped disc are:

v=20 , ' (l4a)

- 2
B=mry (14b)

where Ty is the radius of the circle of intersection of the cavity with

the boundary, and it is related to r by
ry =T sin¥ . (14c)
The overall trend is illustrated in Fig. 3. A calculated example of the

actual cavity shape change as functions of F, is shown in Fig. 4.

3.2. Thermodynamic Considerations

The critical Ttadius T at which AG reaches a maximum and the
magnitude of this maximum AGC can now be calculated using Eqs. (6),
(10a), and (12). Based upon the definitions of shape factors, Eq. (8)

can now be written as
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3¢ 2w 3
AG = ~r [3-(2 ~ 3 cos¥ + cos W)]UL
, .2 |
+ r7{y [4n(1 = cos¥)] -~ 2my_ cos¥ sin®¥} , (15
or
AG = (-r’s_ + 3%y )F_ . | 16)
L s° Vv

Now imposing the condition 3(AG)/3r = 0 results in the general result

which is applicable to all types of cavity configurations

2y
s
r, = _G_L ’ (17)
3
r° F,o
c V'L
AGC =— {18a)
thus
AG = 4yd F_jo® . (18b)
c s V'L i

Figure 1 shows calculated AG versus cavity radius for a shape factor of
0.01, and applied stress of 300 MPa and a typical surface energy of
2'J/m2. The figure reveals that even in the presence of a relatively
high local stress, the barrier to nucleation stands at 22.13 eV gnd it
1s expected that nucleation is impossible. If we examine Eqs. (18a and
18b) they show that there are three possible ways to reduce the energy
barrier to nucleation: (1) the cavities must be extremely thin
(reducing Fv); (2) the local stress has to reach extremely high values;
or (3) a combination of the first two. Figure 5 illustrates that if the
local stress is 100 MPa, the shape factor should bhe in the neighborhood
of 10-4, otherwise nucleation will be impossible. Such extreme values

of F_ have been suggested by Reidel [1] and Raj and Ashby [4]. The
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Figure 5. The formation energy dependence of the volumetric
shape factor for a typical creep test stress of 100
MPa.
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other possibility is that stress concentrations have to be present at
inclusions and triple points in order for void nucleation to proceed
[6,18, 19]. TFigure 6 shows that the critical free energy for cavity
formation varies significantly as a function of the local stress. Thé
figure clearly illustrates that a stress—concentration mechanism has to
be ﬁresent in order to make nucleation possible (typical engineering
stresses under creep are ~ 100-200 MPa). The shape factor value of
about 0.01 has been adopted as reasomable by many investigators [4,13].
However, other investigators [20] asserted that F, has a value of ~ 0.3
according to their experimental observations. This shows an uncertainty
in the actual value of Foe The next section will deal with stress-
concentration evolution at preferred sites at the grain boundaries.
This will then be followed by nucleation calculatioms- which incorporate
the stress concentration factors as well as various possible shape

factors.

4. STRESS CONCENTRATIONS AT PARTICLES AND TRIPLE~POINT JUNCTIONS

4.1. Introduction

The principles behind the presence of stress concentrations at
rigid particles embedded in an elastic matrix have been pioneered by
Goodier ([21]1. For the purposes of calculations, it was assumed by
Goodier that the solid surrounding the inclusion is infinite in extent
and subjected to a uniformly applied stress far away from the particle.
It was also assumed that the solid has ideal properties of elasticity,
i1sotropy, and homogeneity. The calculations revealed that in simple

tension, a perfectly rigid spherical inclusion intensifies the tension
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stress (Fig. 7) in the same direction as the applied tensile stress U.

The magnitude of this intensification at the "pole” is given by

(19)

g = { 2_ 4 1L o
pole 1 + v 4 - 5v/ applied

However, the tension at the "equator” is the same direction is reduced

to

- V S5v

cequator = (1 ¥v 8- lOv)Uapplied (20)

where v is the Poisson's ratio. For stainless steel, where the
Poissen's ratio 1s about 1/3, the stress at the pole is about anpplied
and at the equator, it is compressive and has a‘value of Gappliedfg'

The magnitude of the stress concentrations, as calculated by
Goodier‘[ZI], are not really significant in reducing the free energy of
formation to a reasonable value. However, if particles are present at
gsliding grain boundaries, stress concentrations approaching the ideal
cohesive strength limit will be present at particle faces. This has
been shown by Lau [22f as well as Reidel [1]. The next section will
deal with grain boundary sliding and the stress concéentration at parti-
cles and triple—-point junctions. That will be followed by simple models
in which the time dependence of such stress will be incorporated. The
reason for such time dependence is the fact that at high temperature,
matter motion occurs to relieve such stress concentrations. Before
proceeding to the next subsection, it is reasonable to present a simpli-
fied picture of stress concentration at triple—point junctions.

Triple-point junction stress concentration is closely related to

the tensile stress concentration of a single mode IT penny—shaped crack
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loaded by a shear stress (Fig. 8). The solution of such a crack has

been presented by Lawn and Wilshaw [23]. The crack tip stress is given

by
%1 2
g. = —=—— =3 8in(8/2) cos (6/2)] R (21a)
g8 (zwx)llz
where
- 1GA

Y3

and x is the distance measured from the crack tip. Evaluating Eq. (21)

for 6 = 300, gives the following crack tip tensile stress
“ea(e=3°°) = O.l4p Yd/x . (22)

Equation (22) will be compared to the magnitude of stress concentration
at triple-point junctions as evaluated in detail by Lau [22] using the

finite element method.

4.2, Grain Boundary Sliding and Stress Concentration

"At all temperatures, the shearing resistance of grain boundaries
is apparently less than the shearing resistance of individual grains
themselves.” This statement was made in 1941 by Zener [24]. He also
asserted that the variation of the boundary internal friction with
temperature and with grain size indicates that at low stress levels, the
individual grains behave elastically and slip comparatively readily over
one another. However, a polycrystalline specimen under a constant
stress cannot of course continue to creep Indefinitely merely by slip—

ping at grain boundaries. Tt was pointed out by Schumacher {25] that
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Figure 8. Mode II crack loaded by a shear stress.

66




grains form a self-locking system., Before further discussion of this
locking mechanism, it is important to clarify the meaning of the viscous
behavior of the boundaries. 3By viscous behavior, it is implied that the
rate of shear strain across grain boundaries is proportional to tﬁe
shear stress across them. There can, however, be no relative motion
with respect to the grain triple-point junctions. Such junctions serve,
so to speak, as keys which limit the relative displacement of adjacent
grains but give rise to a substantial stress concentration at such
junctions.

This locking action of the grain junctions may be best understood
by considering the simple model suggested by Zener [26]. If we lock at
a completed jigsaw puzzle subjected to a tensile stress, gnd if the
edges of egch piece are well greased so that no shear stress can exist
across the boundary of any two adjacent pieces, such a jigsaw puzzle
.will not pull apart under the action of ‘a tensile stress. As may
readily be seen, it will not fall apart because of the locking action of
the corners of the individual pieces. If we examine in detail the
stress system surrounding a triple-point junction, we will ;ee that it
is similar to that of a mode II penny-shaped crack loaded by shear.
Before examining such a stress system, It is a reasonable stage to look
at the stress concentration at grain boundary particles since they act

as obstacles to sliding.
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4.3. Stress Singularities at Grain Boundary Particles and Triple—Point

Junctions
Figure 9 is a simple picture of blocked motion of a sliding bound-
ary by the presence of a particle. If we denote the particle spacing as

L and its diameter by p, a simple force balance gives

'rL2

I, p2/2 , (23a)

2(L/p)2 T . {23b)

It

g
p

Such a particle stress is quite substantial and can explain the fact
that obstacles at sliding boundaries are preferential sites for cavity
nucleation. Reidel caleulations {1] show that in the absence of any
diffusional flow, the average stress on the particle should therefore be
of the order of a = T(L/p)2 .

C. W. Laun [22] made calculations of the stress-concentration fac—
tors assoclated with grain boundary inclusions and triple-point junc-
tions in a power-law creeping material using the finite element techni-—
que, - His work shows that a singularity develops at the particle apex

(Fig. 10a) which is of the form

K

_ 7
%8 = ap (24)
X

Similarly, for a triple-—peint junction (Fig. 10b)

TPJ
- »
80 ATPJ

(25)
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Figure 9. A grain-boundary sliding motion is hindered by
the presence of a particle.
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Figure 10-b. Idealization of a triple point junction .
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where Kp and Krpy are the generalized stress—intensity factors, x is the
distance along the inclined particle interface (ox) or the boundary or-

thogonal to the applied stress (ox}, lp and ATP are the range exponents

J

and are a function of the creep exponent m. These are shown in Table 1.

TABLE 1. The range exponents vs the creep exponents
as were calculated by Lau [22]. :

{creep ezponent) AD Arpy
1 0.456 0.449
2 0.299 0.312
3 0.225 0.231
4 0.181 0.182
5 0.152 0.15
6 0.131 0.128
7 0.115 0.112
8 0.103 0.099
9 0.093 0.089
10 0.085 0.081

The stress-singularity factors are given by

A
K, (6=45%) = 26, (m)(1 - A)) sV P, (26)
and
K ce=o-°> =3¢ (m(1 - A )(d/z,/a)lTPJ (27)
TPJ 7 ol TPJ g

where f is the areal fraction of the boundary covered by the particles

and C1 and C2 are given by

Cy(m) = 0.689 + 0.039(m - 3) (28)
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Co(m) = 0.613 - 0.01(m - 3) . (29)

' 1f we substitute Egs. (26)-(29) into Eqs. (24) and (25), the
strength of the singularity can be obtained quite simply, The results
from Lau's model [22] are shown in Fig. 1l.

Evaluating Eq. (25) for m = 1, we obtain
Goq!® = 0.3¢a/0)° 4 . (30)
Now comparing Eq. (30) to Eq. (22), we notice a great deal of resem-
blance. The strength of the singularity as calculated by Lau [22] for
m = 1 is about twice as large which can be rational%zed by the fact that
at.triple—point junctions we haye two sliding faces which result:in a
singularity twice as large as that due to a mode II penny—-shaped crack

loaded by shear.

4,4, A Time-Dependent Model for Stress Loading and Relaxation at Parti

cles on Sliding Boundaries

4.4,1., Characteristic Time for Boundary Relaxation. As shown in

Fig. 12, we view the boundary with particles of size p-and spacing L as
a series of short cracks of length (L - p) spaced a distance L apart,

containing a viscous medium of thickness § and viscosity n given by

Ashby [27]

N (31)
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Figure 11. The strength of the singularity at particle apexes
and tripie point junctions due to sliding boundaries.
The grain size is 50 microns , the particle spacing
is 0.21 microns and the particle size is 0.03 microns.
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The elastic stiffness XKy of the crack faces to a shear stress g, is

given by [28]

G 1

s
] = = — H (32)
‘1 du L cosh_l{llcos[w(l - p/L)/21}

o

where u is the relative displacement across the crack faces, G is the
shear modulus and inverse cosh term account for crack-crack interaction
and will be denoted by B(p/L) . In order to understand the time depen-—
dence of the viscoelastic behavior of the grain boundary, we utilize
Maxwell's viscoelastic model [29] which is formed by a spring and a
dashpot in series as shown in Fig. 13.

Here a sudden strain u. is induced and kep; constant. 1ts magni-
tude is only dependent upon the elastic component since the dashpot acts
as a rigid body under the initial application of stress. With the pas-—
sage of time, the viscous component undergoes strain. This must be
accompanied by a contraction of the elastic component, if the overall
sgrain is té remain fixed, which causes a decrease in the stress. This

can be represented as follows:

1. The dashpot is perfectly viscous and the rate of extension is

directly proportional to the stress. Thus

4
o, =nyg (332)
O‘St
n
2. The behavior of the spring is given by
g =K u . (34)
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Figure 13. The viscoelastic model for particle stress loading .
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Thus, the total strain under stress is simply given by

—_— = 5, (36)

Here it 1s assumed that both K; and n are rate independent. However, at
any time u, is constant and hence dut/dt = 0. Therefore Eq. (6) is
simply

& g

=4+ 2s5=0 . ' (37)

K n
This immediately gives the shear stress relaxation across the grain

boundary

g, = O, exp(-t/rBR) R (38)

where %0 is the initial homogeneous shear stress and TRR is the charac-

teristic time for boundary relaxation. That is

kTL

BbHGDbG

T, = Nl g8(p/L) =

BR = 7C3 g(p/L) , (39)

where g(p/L) = cosh-l{ll[cos(n/Z)](I—P/L)} .

4.4,2, Diffusiénal Relaxation of the Stress Concentration at Particles.

The analysis here is limited to the elastic-diffusion problem. Since

Stress is quite localized at the faces of the particles and grain
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bhoundary, diffusionm should be quite effective Iin smoothing the stress
disturbances. This problem has already been solved in the literature by

Koeller and Raj [30]. For very rigid particles (shear modulus ~ B)

L3RT

TR,BDIFF ° GD,Q

. (40)

Now if we use the usual criteria for a changeover from boundary to vol-
ume diffusion (Db6 > LDV), as it 1is wusually done in the 1literature

(i.e., Raj and Ashhy [31]), we have

szT

"R,YDIFF T GD @ (41)

The method used 1is that where the authors start With a non—-uniform
distribution of the normal tractiom at the interface at which the chemi-
cal potential of atoms is defined. Then the diffusive flow from the
gradient of this potential is obtained. This calculation takes into
account the continuous traction change as matter is tranmsported.

This expression is very analagous to that of characteristic relaxa-
tion times for the triple point (to be discussed next) and just modi-
fying the characteristic distance over which an even matter plating

occurs (L - d).

4.4.3. Stress Buildup and Relaxation at Particles. The simplest

description of stress loading and unloading is provided by a phenomeno-

logical visco—elastic model which yields an expression given by [32]
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5,(t) = (x, = v exp(=t/t;)

(42)

*
+(t - 1) exp(-t/rR) +r

where Tp and tp represent the loading and relaxation times, respective-

ly. For all practical purposes

T ™ Ty = dapplied/z ’ (43a)
and
%
T = TO/f . (43H)
where
£ = (p/L)?> (43c)

which is the fractional area of the boundary occupied by particles and
-7 which will be used (volume/grain boundary diffusion controlled) is

the one that is most efficient in smoothing out the singularity.

4.5, A Time-Dependent Model for Stress Loading and Relaxation at

Triple-Point Junctions

4.,5.1. Characteristic Times for Stress Loading at Triple-Point Junc-

tions Due to Sliding of Grain Boundaries. Figure 14 shows a boundary

with particles of size p and spacing L. We can view the boundary as
having an enhanced viscosity due to the presence of particles. This
regsistance to sliding varies according to the mode of accommodation.
Viscosity expressions for diffusive accommodation have been derived by

Raj and Ashby [33] and are given by

o 5D ’

b

4
_Skrp 1
"a-pIFF = 8 L2 (44)
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Figure 14. A model for triple point junction stress loading .

80
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=5
8

VN

Ny-DIFF

Tt is easy to realize that each viscosity leads to a different loadingl
time at the triple-point junction. However, the viscosity which leads
to the shortest loading time will be used in our analysis. The elastic
stiffness Kppy of the grain faces to a shear stress o, can be calculated
utilizing Eq. (32) and modeling all grain boundaries as a series of
cracks of length d/Y3 separated by ligaments of thickness d/2/3, as

gshown in Fig. 14 represented by A and B, respectively. Thus,

do =
s _ _mG/3
Keps = Tav - 3R(I/D ° : (46)

where B(1/2) = 0.9 and v is the relative displacement. Analogous to

Eq. (39), the characteristic time for stress loading TEE;IFF is thus

given by

TEEgIFF - 9:? L, (47)
/3 &G
or explicity
TPJ d kT Ef 1
T1~GBDIFF ~ 50G £ .2 &D. ’ (48a)
L“ *p
TPJ d kT Ei 1
"L-ypIFF ~ 106 @ 2 B; . (48b)

The viscoelastic model used in this derivation is simply the Maxwell

model, which is shown in Fig. 15. During this time, TEEgIFF represents
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a characteristic time for stress buildup at the graim boundary triple-

point junctioms.

4.5.2., Diffusional Relaxation of the Stress Singularity at Triple~P0in£

Junctions. At this stage, it is clear that grain boundary sliding gen-
erates a singularity at triple points (Fig. 16). We will assume here
that grains respond in a linear elastic manner to stress buildup, in
response to boundary sliding. For all practical purposes, Evans, Rice
and Hirth [8] used the solution for the tensile stress concentration of
a single mode II penny-shaped crack loaded by the shear stress g¢,/2 to
study the time-dependent behavior of the stress singularity. In the
absence of any diffusional flow, Eg. [22] can be applied and can be

rewritten as

Srpy = RNV, : (49)

where K, = fE cw/7.5.

Now, let § be the effective thickness of the grain boundary and J
be the number of atoms diffusing along the grain boundary per unit time,
per unit thickness into the plane of the diagram. Mass conservation

requires that

89—+ _-—=20 . (50)

Q= - =7 a% (-Qo) . (51)
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Figure 16. Evans,Rice and Hirth model [8] for diffusional
relaxation of stress at triple point junctions,
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It has to be realized in the previous equation that -Qo is essentially
the chemical potential per atom. Combining the previous two equations
yields
2
(b, sa/k1) 2Z + 23 -

sz It

o . (52)

The solution for Egq. (52) is given by [8].

K

—_
(at)llG

a(x,t) = flx/ )3, (53)

where

a = ananlz(l - WKT |,

and
—— 6 2 2
f(z) = /2/1 fw {exp(-u Y cos(uz) + sin(u z)]}du .
0
The function f(z) approaches 1//z at large z. This will result in
realizing that the classical elastic stress distribution for a relative-

ly short time remains unperturbed at a relatively large distance away

from the triple-point Jjunction. That is og(x,t) = KC/JE; which is

Eq. (49). While if z is equal to zero (when x = 0, it is the triple-

point junction), £(0) = 0.74 and hence 7 ‘ilv

5(0,t) = 0.76 /()0 (54)

or in an expanded form

(1 - u)de3]1/6 REE
b 1

1
0(0,t) =3 “m[ GD. 80t (55)
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if we recall that

3
_ {1 = vkTd
"®,T2J ~ GD, 60 : (56)
Eq. (53) can be written as
T 1/6
a(0,t) = 5 o (=2 . (57)

4.,5.3. Stress Buildup and Relaxation at Triple-Point .Junctions. We

have already derived an expression for stress relaxation in the vicinity
of triple-point junctions. However, this expression does not take into
‘account any loading time. Introducing in this case a characteristic
exponential loading time into éur ;model, the following expression

results for the normal stress at the intersection

1:'I’P.J' 1/6
_ t 1 [ R
Orpy = O 1+ 1= exp 77 |9 S . (38)
, : T
L
In this expression, TEPJ is the fastest mode of triple-point loading

time (either by volume or grain boundary diffusion).

4.6. Stress Pulse Calculations

Figure 17 shows that the overall time dependence of stress evolu-
tion at triple-point junctions is much slower than that at particle
interfaces. The reason behind this is that the time dependence of the
Stress concentration at triple—point junctions is characterized by a

wide spectrum of relaxation times; small relaxation times controlling
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Figure 17. Stress loading and relaxation at particles and
triple point junctions for an applied stress of
100 MPa , a grain size of 50 microns, a particle
size of 0.03 microns and spacing of 0.21 microns. 0
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the early stages and large ones controlling the late stages [8]. This
is in contrast with stress relaxation times of particles in which dif-
fusional matter flow needs only to occcur over short distances in order
to relieve the stress.

Figure 17 further reveals that the duration of the stress pulse
becomes quite short at higher temperatures. At lower temperatures, the
tripie-point junction stress becomes quite persistent for a reasomably
long time. This can explain the observed triple-point cracking at
temperatures below about 400°C [34], since persistent stress concen—
tration af triple-point junctions leads to crack initiation.

Figure 18 demonstrates the magnitude of the stress pulse at parti-
cles located at boundaries of various ineclinations. Particles at bound-
aries whiéh are parallel to the direction of applied stress will suffer
the most severe stress pulse in contrast to particles at boundaries
which are orthogonal. |

The stress pulses shown in Figs. 17 and 18 will be used later in

nucleation calculations.

5. NUCLEATION CALCULATIONS AND DISCUSSIONS

It has been experimentally observed (e.g., [10]) that high tempera-
tufe fracture occurs due to the nucleation and growth of cavities along
grain boundaries which are most perpendicular to the applied stress.
However, two experimental studies directed toward understanding cavity
nucleation at high temperatures (Dyson, loveday, and Rodgers [35], and
Kikuchi, Shiozawa, and Wéertman [36]) showed the surprising result that
most nucleated cavities have formed on grain boundaries which are par-

allel to the maximum principal stress axis. However, the experiment by
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Figure 18. Stress loadiag and relaxation of particles at various
inclined boundaries . The applied stress is 100 MPa ,
the particle size is 0.03 microns with a spacing of 0.21
microns and the temperature is 500 C.
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pyson et al. [35] also showed that preferential cavity growth occurred
during subsequent tensile creep. Those cavities on parallel boundaries
either remained comstant in size or diminished while those on boundaries
which were orthogonal to the applied stress axis grew relativéiy
quickly. This behavior of cavity growth can be misleading in the sense
that it can be mistaken for preferential nucleation on orthogonal bound-
aries to the applied stress and subsequent fracture along these bound-—
aries. Figure 19 shows a schematic of the fundamental findings of Dyson
et al. [35] which have been overlooked most oftem in the literature.
The figure illustrates that inclined boundaries tend to host the major-
ity of cavity nuclei population, while orthogonal boundaries host a
small fraection of the population. However, the cavity population on
orthogonal boundaries tends to experience preferential growth during the
course of the creep test until fracture. Chen and Argom [10] have
experimentally observed a sinz(a)—type distribution for large cavi-
ties. The subject of cavity growth will be treated in Chapter VI.
Stress concentrations at particles present on orthogonal boundaries
due to the difference in rigidity between tﬁe particles and the matrix
as was calculated by Goodier [21], was not significant to produce
reasonaﬁle mucleation rates. In order to bridge the gap, a localized
grain boundary sliding has to be present on orthogonal boundaries which
will result in a localized high stress concentration at particles.
Grain boundaries are hardly ever flat. This has been asserted by Ashby
[27]. When the boundary is stressed, a certain degree of sliding occurs
until a particle is encountered which gives rise to a fairly high stress
concentration. This process of localized sliding should occur in

principle throughout the creep test in response to various deformation
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Figure 19. A schematic illustrating the angular distribution of
cavitated grain boundaries during a typical tensile
creep test (condensation of work in reference {34]).
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processes such as unpinning of grain boundaries, triple—point cracking,
stress relaxation in neighboring sliding regioms, triple-point migra-
tion, etec. [37].

In order to model nucleation at orthogonal boundaries which exhibit
localized irregularities, it will be assumed that a boundary exhibits
localized sliding due to deviations from orthogonality by about 10 deg
to 20 deg., The stochasticity of the process is not treated here.
Figure 20 shows that the nucleation rate is the highest along boundaries
which are parallel to the applied stress and decreases sharply as bound-
aries tend toward orthogonality. At orthogonal flat boundaries, nucle-
ation 1s essentially nonexistant. The nucleation pulse essentially
follows the stress pulse behaviof and the nucleation pu%ﬁe is terminated
once the stress pulse has elapsed. At 600°C, the nucleation pulse lasts
~ 100 sec. If the nucleationlrate is high, all possible nucleafion
sites will be filled up by caﬁities. if tbe nucleation ratelis low,
cavity nucleation will occur throughout the c¥eep experiment following
the course of stress concentration buildup and relaxation in response to
localized sliding which should occur intermittently. |

Figure 21 shows that nucleation 1s virtually impossible for large
volumetric shape factors (Fv > 0.02). This asserts the idea that cavi-
ties possess a lenticular rather than spherical shape during the course
of nucleation. The figure also illustrates that the actual value of F,
may be constrained by the limit 0.01 < Fv < 0,001, for consistency with
experimental observations.

It is Qery important to examine the temperature dependence of the
nucleation process. This is shown in Fig, 22. The figure shows that

the nucleation rate 1s the highest at 700°C and decreases as the
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Figure 20. Cavity nuclei density at boundaries of various
inclination at 600 °C and F, value of 0.01 as a
result of a single sliding pulse . The applied
stress is 100 MPa,
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Figure 22. Cavity nuclei density as a function of temperature
for an F, value of 0.01 and a boundary inclination
of 15 degrees and an applied stress of 100 MPa.
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temperature decreases. The behavior actually translates into more
extensive nucleation at higher temperatures. This is consistent with
the experimental observations presented by Argon [9]. The figure also
shows another important result: the duration of the nucleation pulse is
sharply curtailed at high temperatures. The basic reason for this
behavior is that stress relaxation is faster at high temperatures due to
the more extensive atom motion. At lower temperatures,'the duration of
the stress pulse will be large; however, the nucleation rate is too low
to produce significant cavitation. The low cavitation at lower tempera-
tures can be linked to the high thermal barrier to nucleation at lower
temperatures.

Experimental observations by Chen and Argon [10] showed that more
extensive nucleation occurs near triple—point junctions., As was shown
in the previcus section, high stress concentration exists at triple-
point junctions and prevails for a relatively long period of time. This
stress results in an enhanced sliding rate past grain boundary irregu-
larities and results in high stress concentrations at neighboring parti-
cles. The relaxation of stress concentration at neighboring particles
is a part of the relaxation process of the tripleupoint stress concen-—
tration. The relaxation of the triple-point stress concentration is a
very slow one which can be attributed simply to the lérge distance over
which uniform atom plating has to occur. ' Figure 23 shows that tﬁe
neighborhood of a triple-point junction suffers a more extensive cavita-
tion. .This is consistant with results presented in the literature [10].
If we now examine Fig, 17 again, it shows that at a temperature which is
too low to result in any significant nucleation (~ 400°C), the triple-

point stress concentration prevails for an extensive period of time and
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can result in the opening of a crack at the triple point by decohesion.

pne can conclude that triple-point cracking can be due to decohesion at

lower temperatures; but at higher temperatures, cavitation near the

triple point plays a major role in opening such a crack.

6. CONCLUSIONS

1.

Classical nucleation theory can be utilized to study creep

cavitation as was suggested by Aaromson and Lee [38].

Nucleated cavities are not spherical hut are 1lenticular in
shape and possess a shape factor of less than 0.01. This
translates into a dihedral angle of at most 17.0 deg. Len-

ticular-shaped cavities have bheen observed by Chen and Argon

[10].

Grain boundary sliding and obstacles at sliding boundaries such
as particles and ledges are basic ingredients and in their
absence, cavity nucleation is wvirtually impossible, In the
absence of grain boundary particles, no cavities were observed

by Servi, et al. [7] during a creep test.

Cavity nucleation is most probable on those boundaries which
are parallel to the maximum principal stress axis and least
probable on orthonganal boundaries to such a stress. This is

consistant with experimental observations [35] and [36].

Cavity nucleation rate at triple-point junctions 1is higher than
those regions which are far away from triple points. This is

consistant with observations by Chen and Argon [10].
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Enhanced cavity nucleation at triple points is responsible for

triple-point crack nucleation at high temperatures (T > 600°C)

[10], while at lower temperatures (~ 400°C) simple decohesion"

of the boundary at triple-point junctions due to a persistent

stress concentration results in such a crack nuecleation [34].

Cavity nucleation rate is highest at elevated temperatures and
decreases as the temperatures is lowered, which is also con-
sistent with the data presented by Argon [l4]. However, the
period of the nucleation pulse decreases significantly as the

temperature increases,

Future studies should look at the idea of localized inter-
mittent sliding at orthogonal boundaries to the maximum

principal stress.

Cavity nucleation at low temperature is not possible unless
geometrical shape factors as low as 1074 are used. This has

been suggested by Reidel [1].
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CHAPTER IV

HELTUM CLUSTERING AND TRANSPORT TO GRAIN BOUNDARIES

1. INTRODUCTION

When helium atoms are introduced into a solid, either by implan~
tation or by nuclear reactions, they tend to be insoluble. Like other
noble gases, the closed electronic structure of helium results in seg-
regation. Because of this insolubility, there is a great tendency for
‘helium atoms fo be trapped on vacancies, impurity atoms, or other helium
atoms [1-13].

The introduction of helium into structural materials by nuclear
reactions results in a general degradation of their properties. In fast
breeder reactors, as well as anti%ip;ted fusion reactors, helium gener-
ation can lead to volumetric swelling and high temperature embrittlement
of structural components. It has been shown by numerous experiments
[14-27] that even small amounts of helium can lead to a severe loss of
ductility. Creep rupture lifetime of structural materials can therefore
be drastically reduced at high temperature. Failure creep ductilities
on the order of less than’ 1% have been reported [26]. This is essen~
tially an indication of helium transport to grain boundaries causing its
weakening.

It has also been experimentally demonstrated that the location of
helium production is of strategic importance [27]. Steels with a small
amount of boron have shown low ductility when boron precipitates near
the grain bouﬁdary. Experiments have shown that when boron atoms are
uniformly distributed throughout the matrix (e.g., by thermomechanical

heat treatments), the loss of ductility is not so great [27].
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The problem of high temperature helium embrittlement is eritical
for fast breeder core and vessel structural materials, If fusion
reactor first walls are operated at temperatures above 500°C for steels,
helium embrittlement can also be a limiting design factor. It is there—
fore technologically important to address this problem. During the past
two decades there has been a significant effort to understand and solve
this phenomenon [14-27] and a great degree of understanding has been
achieved. From a theoretical standpoint, the presence of helium in grain
boundary cavities has been shown to result in growth instabilities that
reduce the rupture lifetime [28-30]. For these tréatments, however, the
presence of helium inside grain boundary cavities was always assumed.
For example, Trinkaus and Ullmaier [29] assumed a constant gas pressure
inside growing grain boundary cavities, while Bullough, Hayns and
Harries [30] assumed a simple form of gas arrival to grain boundary
cavities. Even with the greater understanding. of helium effects on
grain boundary cavitation, there still seem to be two weak links:
(1) the method of helium tramsport to grain boundaries and (2) poor
understanding of the process of grain boundary cavity nucleation.

The migration of single gas atoms to grain boundaries is compli-
cated by the fact that there are competing matrix processes that may
hinder helium transport to boundaries. Helium atoms, which predomi-
nantl& migrate by an interstitial mechanism, can be trapped at preci-

pitate interfaces, vacancies, or im vacancy-helium clusters.
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In this chapter, a rate theory based model has been developed to
study of helium migration from the matrix to the grain boundary. Helium

atoms are produced In the lattice in one of the following ways:

1. Nuclear reactions or by direct implantation. This source
[}

produces a uniform distribution of helium atoms in the matrix

2. Displacement damage (dynamic re-solution)}. When helium atoms

are trapped, collision cascades or direct collisions with the
primary particle (neutron or ion) can displace them again into
the lattice. This 1s an internal source of helium atoms that

is also uniform over space.

-

3. Localized sources. 1In this case, when elements such as horon

are segregated near grain boundaries, a high localized source
of helium is introduced. However, the burnup of boron atoms
due to neutron absorption reactions leads to a transient helium

s0uUrce.

The first source of helium is dominant for short times, while the third
is transient and relevent only for the case of neutron irradiation. The
transienﬁ time scale for the third mechanism is on the order of(ca¢)"1,
where Oy is a spectral-averaged boron neutron absorption cross section,
and 4 is the neutron flux. It will be shown later that the second
mechanism is the most dominant for times longer than the time required
to achieve abou; 1 dpa.

In "the foilowing sections a theory for helium clustering and

-transﬁort to grain boundaries by single gas atom motion is developed.

106




Section 2 deals with the rate theory of helium clustering and trans-—
port. The results of calculations are presented in Section 3 and con-
clusions follow in Section 4. The symbols and their units are given in

the Nomenclature.

2. THEORY OF HELIUM CLUSTERING AND TRANSPORT TO GRAIN BOUNDARIES

In the present theoretical treatment, "localized" or "time depend-

ent” helium scurces are not included. In principle, the present work
-can be extended to allow for these inhomogenieties. Cther important
space or time inhomogenieties canm be due to the nature of irradiation.
The production of vacancies, self interstitials and helium are stochas-
tic processes, since they are involved in collision cascades. There-
fofe, certain reactions between those primary species can be influenced
by the time/space distribution of the production source. There is some
progress in this area [31-33], however, the conclusions are not &et for-
melated Iin a way to include in a rate theory type approach. It 1is
therefore assumed that defect reactions are homogeneocus in both space
and time.

If the external helium generation rate is given by Ggit (first

mechanism), the internal helium generation rate by G?ﬁt, and the dis-

Placement damage rate by G, then the total fractional helium concentra-

tion is cHe

extt> where t is time and the total fractional helium displace—

ment rate {internal source) is therefore

4

internal helium source rate = G =G __tG . (1)
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For this source rate to exceed the external rate of helium introduction.

He He
Gext %6 2 Gext * (2?

Therefore, the time required to achieve this condition is on the order

of

T » G_l - (3)

0f course, this is a simplified argument, and the exact value of 7 will
depend on the strength of the interaction between displacement damage
and helium atoms [34]. However, it illustrates the point that the time
required to achieve this condition is not very long 1if the gas re-
solution rate is the same as the displacement damage rate.

In addition to single gas atom migration to grain boundaries,
~helium can also be transported in migrating buﬁbles. In this case,
bubbles can move by a variety of mechanisms and transfer helium atoms
with them. Once a helium atom is trapped in a vacaney, it forms a
substitutional atom until other gas atoms or vacancies react with it.
If that happens, a vacancy-helium complex is said to be formed. Such a
vacanci—helium complex can grow in principle by one or all of the fol-
lowing three processes: (1) it can accept newly created, injected, or
re-dissolved gas atoms; (2) it can accept vacancies either by producing
nearby Frenkel pairs in the low temperature regime (T < 0.3 Tys where T,
is the melting temperature in Kelvin) or by absorbing excess radiation-
produced vacancies at high temperatures; and (3) it can migrate until it
coalesces with other bubbles., The first two mechanisms are likely to
operate in the presence of irradiation, while the last can proceed under
irradiation as well as under post-irradiation conditions. Since in this

case bubble migration is the rate-controlling step for bubble growth,
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bubble coalescence occurs only in the high temperature regime, i.e.,
above 0.5 T, [35].

The driving force for bubble migration can be either rhe Brownian
motion in the absence of temperature or stress gradients, or sweeping by
moving dislocations. 1In the first case bubble migration is random while
in the latter cases it is directed up the gradient. Bubble motion prac-—
tically stops when the bubble radius becomes large (~ 100 nm), or when
restoring forces occur. A simple mechanism of delay is the self-pinning
of bubbles by their own stress fields, This may occur when the internal
gas pressure is so high as to plastically deform the surrounding matrix.
Recently, gas pressures indicating solid-state conditions have been
measured for aluminum and nickel [36]. Important pinning centers for
bubbles are the dislocations with a restdring Fforce assumed 'Eo be
constant, precipitates, and grain boundaries with forces increasing
linearly with bubble radius [35].

The term bubble used here applies to a gas—filled cavity with a
diameter above the resolution limit of the transmission electron micro-
scope {~ 1.0 nm). Belo% this limit, the bubble is considered to be a
vacancy-helium cluster. Although diffefeut theoretical mechanisms exist
for bubble re-solution, experimental observations suggest that bubbles

are highly stable defects. Possible re-solution processes are:

l. Re-solution or shrinkage by gas—displacement events.

2. Re-solution of small bubbles due to Ostwald ripening by vacancy

or helium emission.

3. Absorption of bubbles by others during coalescence.
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Direct observations of fission gas bubble re-solution have been

reported [37]. Therefore, dynamic re-solution for helium bubbles in

metals is considered to exist as well. Bubble growth by Ostwald

ripening has been proposed [35], but experimental evidence is still
missing. From both post-irradiation anmnealing experiments and irradi-
ation experiments, the disappearance of small bubbles due to coalescence
has been concluded. Bubble-growth observations versus time—growth expo—
nent a larger than 3, when a power-law (r ~ tllu) is applied, have been
attributed to coalescence growth [35]). Theoretically, however, it could
be shown that any growth exponent between 1.5 and 6 can be achieved
under irradiation independent of the net flux of helium to bubbles [35].
‘Thus, it seems to be questionable, whether the growth mechanism repre-
sented by the a wvalue can be concluded from a simple ﬁower—law growth
behavior.

The mode of cavity nucleation is important to discuss here. Recent
stability line analyses [38,39] have shown that there are two general
modes of cavity nucleation. The first mode, driven by helium gas, which
has been termed "spontaneous” nucleation, is dominant for high helium to
dpa ratios (> 5). The second mode is what is termed stochastice
nucleafion by the condensation of vacancies on themselves or residual
impurities. This occurs at low helium to dpa ratios. However, =pontan-

egus nucleation is the only mode considered here.

110




2.1. Rate Equations

The appropriate rate equations are given for the following species:
(1) unoccupied vacancies, (2) self-interstitial atoms, {(3) interstital
helium atoms, (4) substitutional helium atoms, (5) di-interstitial
helium atom clusters, (6) di-helium single vacancy clusters, (7) bubble
nuclei containing three helium atoms, and (8) large bubbles containing m
helium atoms. Equations for the average bubble size, the average number
of helium atoms in a bubble, and the amount of helium absorbed on grain
boundaries are also developed. For the case of the existence of matrix
precipitates, it is assumed that one helium bubble is associated with
each precipitate. Therefore, an equation describing the average preci-
pitate bubble radius and another equation for the average number of
helium atoms in a bubble are included. The following are equations for

the fractional concentrations of various species:

!. Unoccupied Vacancies,

dC
—¥ = f6+E’C_ +bGC_ -aCC, -R €C -R C'C
- dt gv gv gV v i g,V EV V,8 8 V
cC *
- RV,ZngCZg - Rv,gvcvcgv - Rv,2gv v'2gv Rv,*CvC - ()
2. Self Interstitials.
dc .
—t-fc-ac-r _CcC -R C.C
dt vi d,gvi‘gv "i,8i’s
*
C,C . (5)

" Ry 2gvbiCaey T R 2G
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3. Interstitial Helium.

dcC n
— =G + E (C + bGC + R CC + m bGC + bGM + bGM
dt H gav gv gv i,gv i gv 1 b gh ppt
h * *
+ 2R cCC +E C + 3bGC + R CC + 2(2bG)C
i,2gv 1 2gv 2gv 2gv i,% 1 _ 2g
' 2
+ 2bGC - R CC -R cCcCcC - 2R C ~-R CC
2gv g,bghb g,V EV 5,8 8 8,8V g gv
%
- R cCC - R cc - R cc ~-R ccC
g,2gv g 2gv g,gb g gb g,*% g 8,28 g 2g
- R C C . : 6
g,ppt ppt g (6)
4, Substitutional Helium.
dC
gv h
=R CC +E C + 2bGC
dt g,vEgv 2gv 2gv 2gv
h
-C (E +bBG+R C +R ) , (7)
gv gv 1,8v 1 g,8V
5. A Cluster of Two Helium Atoms and One Vacancy.
dC *
2gv R cCCcC + 3BGC + R ccC - R c¢C
o E,8V & BV v,2g v 2g g,28v g 2gv
h
- 2bGC - E - R CC . (8)

c
2gv 2gv 2gv i,2gv 1 2gv
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6. Di-Interstitial Helium Clusters.

dc

2g 2
——=R ¢ =R cC - R CC - 2bGC

dt g:8 g v,2g v 2g g£,2¢ g 2¢ 2g

* h
+ R cCcC -E C .
i,* i 2g 2g
7. Bubble Nucleus.

%
dc *
—_— = R cCcC + R ccC - R ccC
dt g,2gv g 28v g,28 8 2g g,* g

* * *
-R €CC ~-~R CC - 3bGC .
v,* v i,* 1
8. Matrix Bubble Concentration.
dc )
* *

——E ='&— R cCC +-§— R ,CC .
dt m, g% g m, v,* v

9. Average Number of Gas Atoms in a Matrix Bubble.

It = Rg’ng - me1 .

10. Average Matrix Bubble Radius.

2y
dR 1 e Q2 b
_(ﬁ:-.= E(Dvcv - Dici - Dvcv{exP{E"f ( R plj] - 1}> -

Il1. Grain Boundary Gas.

= R C_ - boM .
dt g,gb g gh
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12. Average Precipitate Bubble Radius.

dr
pb _ .2 2y~1/2 _
o = (pr + rp] DC_ -D,C
2y
e Q b
- DVCv{exp[-kT (f{;; - pz)] - 1} - (15)

13. Total Gas on Precipitates.

—PPt _p - bGM

cC C . 16
dt g£,ppt ppt g ppt (16)

While the definitions of various symbols are given in the Nomen-
clature section, a description for the basis of the previous equations.
is given here. The general forms of the previous reactions are: dis—
piacement damage G, thermal emission E, radiation re-solution bG (b is
re-solution parameter), and reactions between type A and type B mobile
specles RA,BCACB' The first four equations are given for the primary
reacting specles: vacancies, self interstitials, and helium atoms. The
difference between the present equations for Cy and C; and the conven-
tional ones is that clustering reactions with helium atoms in the con—

servation equations are added. Since it is assumed that gas atoms force

cavity nucleation, equations for two gas atoms (single vacancy) and for

a8 di-interstitial helium cluster are included. It was shown that di-
interstitial helium clusters are unstable at high temperature due to the
low binding energy [40], and that their contribution to cavity formation
is limited to the low temperature regime. A cluster of two helium atoms

and one or no vacancies is still not the critical nucleus size, since

backward reaction rates can be strong. Therefore, it is assumed that

the critical nucleus size is a cluster of three gas atoms and some “3'4
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vacancies (need not be exactly determined). This defines the early
clustering part of the process. Another larger group of bubbles is then
introduced with a concentration C;. The formation of these bubbles is
achieved either by a vacancy or helium atom impingement on the critical
nucleus. For helium gas atom conservation, the gas-nucleus reaction rate
is scaled by a factor of 4/m1, and the vacancy-nucleus reaction rate by
a factor of 3/m1. These are the ratios of the number of gas atoms in
the reaction to the average number of gas atoms in the large size bubble
group. With this, the zeroth moment of the size distribution is con-
served {(total number of helium atoms)., Section 2.3 will clarify this

concept further.

2.2. Reaction Rates

Four basie fequencies in the clustering system are introduced. a
1s the frequency of self-interstitial reaction, R is the frequency of
helium gas reaction, y is the frequency of vacancy reaction and § is the

radiation re-solution frequency. These are given by:

m -1
@ = 48 v exp(-E /kT} , s . (17)
i i
m -1
g = 48 Va exp{—Eg/kT) . s . (18)
= 48 v_ex (—Em/kT) s;l (19)
Y v P v ’ ’
-1
§ = bG s s . (20)

Also, basic thermal emission probabilities are given by the

Boltzmann factors:

e = exp(-Eih/kT) , (21)
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B
e, = exp(—Ev’Zh/kT] , (22)

e3 = Exp('Ei,b/kTJ , 23
e, = exp(-EL/kT) (24)
e5 = EXP(_Egg/kT] . (25)

The binding energies Egh’ EE,Zh’ Egg are determined from experi-

ments or computer lattice calculations. The wvacancy-bubble binding
energy EE p 1s evaluated from the work done in emitting a vacancy as
]

follows:

B £

E =E +Aw (26)

v,b v

2y
Aw = =(— =P iQ 27

where Aw is the work done by the change in surface area and in
compressing the gas. The gas pressure P is determined by using the Van

der Waal's equation of state for helium, i.e.

mlkT

[g 'rrR3 - m

P, . (28)

1)

For high gas pressures at small radii, a virial expansion is used. The

following parameters are also used in our calculations:
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Vacancy—-diffusion coeffieient = D, = (a2/48)y;
Self—-interstitial diffusion coefficient = Dy = (32/48)a;

Diffusion-control combinatorial factor for bubbles
= ¢ = (4n/48)(R/a);

Equivalent dispersed vacancy sink concentration = C:;
Equivalent dispersed iInterstitial sink concentration = C;;
Equivalent grain boundary sink concentration = Ceon-

The last three parameters are given by:

2
v a e
Cg.= (7g) (2,0 + 47RC /@ + 4nR N ), (29)
1 _ & e '
C = (Zg)(2;0 + 4mRC /Q + 4nRN ), (30)
C. = [EEJ[Z + 4mRC, /@ + 4mREN )1/2 (3D
GB ~ \EJ/\P b PP )

where

RE = /rg + RZ

z (32)

is the effective bubble—precipitate pair radius [Eq. (15) and Ref.
[41]1]. Equations (29) and (30) are standard rate theory expressions for
distributed sink strenghts, and Eq. (31) is discussed in Section 2.4.
With the previous notations, the reaction rates for the various
Processes can take on a simplified form. In the following, it is
assumed that the basic combinatorial number is 48, and that the combi-
Ratorial number with a cluster containing n particles 1s simply 48 n.

The subject of combinatorial number calculations for small size clusters
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has been extensively discussed in the literature, with no conclusive
results. Combinatorial numbers between 48 and 500 have been used for
point defect recombination [42,43]. However, recent Monte Carlec simula-
tions by Fastenan [44] show a monotonic increase in the combinatorial
number with n, depending on the sink density and capture criteria.
Therefore it is assumed that this dependence is ~ 48n for n = 1, 2,
and 3 oniy. For larger clusters, the conventional diffusion-limited
reaction rates are adopted. Table 1 lists expressions for the various
-elementary reaction rates. A discussion on the grain boundary loss term
is given in Section 2.4.

Now the previous set of rate equations can be re-written in the

following form:

dc

v
— = £6 +‘(3el + 5)cgv ~ [ac; * 8¢,

c’ *
+v(cg + Coy * 205, + 20y, + 3C e, .(33)

dC, * i |
= £6 - (cv + cgv + 2czgv + 3¢ + cs)qci R (34)
ng
T GH-!- {Be 1+ § + aCi)Cgv + (Be2 + 26)C2gv

+ + &M
pgy * MO, £ M+ M

*
+ 3§ + aCi)C + 48C, . + Aacic

2G

- (eC, +C_ +4C_ +C_+2C, +2C
b v 54 gv 2gv 2g

+ C , (35)

+e . C c
GB ppt ppt)B g
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TABLE 1. Elementary reaction rates.
Reactions ¥missions
Interstitial Recombination = o
i i
Distributed Sink = R. = oC
i,s s 8
Ri,gv -G
Ri,* = 3g
: , . v 2 2y
Vacancy Distributed Sink = YCS Dvcv exp[EE-(R - pl)]
Ye3
e
Rv,2g = 2y Dvcv = avye,
Rv,* = 3y
V8V T
Rv,ng =2
R = h )
Helium Gas g,V 8 Eg,v = Bel
R =g
g,b ° Eh = Be
2g.,v 2
R = 23
g’g h
E = Be
R = 2 5
g.gv P &
R = 2
g,28v B
R =2
g,28 ;
R = 3
gs% B
- Rg,gb ~ Scs®
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gV . _
P s(_:gcv + (Be, + 25)02gv (Be, + scg + 6 + aci)cgv , (36)
dCagy *
JEE— = BC,C,, * 36C + 216,Cyp, = (23cg + 28 + e, + 2aci)c2gv , (37)
dc
28 = 28¢? + 3aC,C" - (2yc_ + 28C_ + 25)C (38}
de oy Oy Yoy g 2g 7
£ - (c, +c, )8c - 3(BC_ + yC_ + o€, + 8)C (39)
dt 2gv 2g/ 7 g v i ’
dac
b _ * *
- [12/m1JBCgC + (9/m)yc ¢ , (40)
dm1
prad eBCg - 6m (41)
B (@iye - ac, - v(e, -e,)] (42
dt R b4 i 3 T4 ’
aM ot
—PB: . C_C — &M . 43
de EpptB ppt g 8 ppt 43
dMgb
7 scGBcg M. (44)
dR 2
pb _ a - — fe -
at Jﬁz;—;f;z-[ch afy = v(eg = )]
P P , (45)

where eé is calculated for a precipitate bubble in a similar way to eq.

2.3. Gas Conservation

For the previous system of equations to have a realistic solution,
total helium gas content should be conserved. In this case, the total

amount of injected gas should be accounted for in various clusters, in
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bubbles, on precipitates, and on grain boundaries. This means that the

following equation must be satisfied:

Mt = GHt = Cg + Cgv + 2C

2g 1D ppt gb

The time derivative of this equation gives:

G =i‘c-g'+(—iggy—+ZdCng+2dCZg+3dC*+deb
H dt dt dt dt dt 1 dt
. (47)
. c dm1 . dept . dMgb
b dt dt dt

The right—-hand side of Eq. (47) is composed of time derivatives of
various cluster concentrations. Using Eqs. (35) through (41), and Egs.
(43) and (44), it can be easily shown that the conservation equation
(47) 1is strictly satisfied. At this stage, the fraction of totél
injected gas that ends up on the grain boundaries can be simply

calculated by using:

£ =2 (48)

2.4, Grain Boundary Helium Flux

The amount of helium arriving at the grain boundary is dependent
upon the matrix sink for helium. During the early stages of {irradi-
ation, matrix precipitates and bubbles are not the dominant sink and one
must take into account all other helium sinks {(vacancies and small size
clusters). .The amount of helium going to grain boundaries will be small
during this phase, however. Now, suppose that helium diffuses in a

medium of distributed sink strength k%, And suppose also that the grain
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boundary is a perfect helium sink. The diffusion equation is then given

by
) ) acC

DVC +G -k°DC =-—=2 (49)
g g g g8 :

where

X2 = 4HRCb/Q + 4ﬁR§Np + Zp + E(small cluster sinks) « {50}

Equation (49) may be solved analytically for cases where the helium

gas diffusion coefficient D the gas generation rate G and the sink

g’ g?
concentration k% are all constants and not functions of time or space,

An eigenfunction solution results in a time-series representation [45}].

For a time-dependent variation of D_, G

s> and K2, Wood and Matthews [46]

developed a variational method for the calculation of grain houndary gas
flow. For our purposes, it 1is sufficient to adopt the steadyustaté
solution given by Brailsford and Bullough [47]. The following simple
expression 1s therefore used fof the "equivalent” grain boundary sink

strength:

Copg =37 = _ (51)

2.5. "Constrained” and "Unconstrained" Cavity Growth Modes

Due to the fact that vacancy-gas reactions have been included in
these analyses, not all of the vacancies will be readily available for
.cavity growth by excess vacancy absorption. Normally when there are
only two reacting species, vacancies and interstitials, the presence of
a dislocation bias toward interstitials ensures a larger vacancy flux to
be absorbed at cavities. The growth rate of cavities is directly relat-

ed to the magnitude of dislocation bhias in this case. This growth

122




behavior can be described as an unconstrained cavity growth mode. A new

gituation is encountered when helium atoms are included in this delicate

balance process. In one form or another, vacancies and Interstitials .

eventually recombine, except for some biased interstitials that end up:

preferentially on dislocations. The cavity growth is therefore dictated
by the amount of interstitials absorbed, which has an equivalent net
number of vacancies in cavities. When helium gas preferentially reacts
with vacancies, some vacancies are then immobilized and therefore will
not be available for cavity growth. If wacancy-helium reactions are
significant (i.e., the number of substitutional helium atoms is a large
fraction of the total wvacanecy population), a larger flux of self-
interstitials mey arrive at the cavity inhibiting its growth. If this
is the case, cavities can only grow by the absorption of helium atoms
and not by an excess vacancy flux. This is a very slow growth process
since helium atoms absorbed im the cavity have to produﬁe their own
Frenkel ﬁairs due to the excessi;é cavity pressure. The growth behavior
in this case can be described as constrained as opposed to the uncon-
strained growth mode. In the following, an analytical condition for the
predominance of one of these modes of growth is derived.

Suppose now that quasi-steady-state conditions have been achieved
by the previous system of equations. In this case, the vacancy and
interstitial equations can be described by:

dc
v v
3= 0= f6 - aCC - vCC - BCC (52)

dci i
Fraiiie 0=fG - uCVC - uCiCs . (53)

1
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In Eqs. (52) and (53), all vacancy sinks are combined into the C: ferm,
and all equivalent intersitial sinks into the Ci term. Notice that in
these equations there is one non~symmetric reaction rate, which is the
reaction rate of helium gas with vacancies. Subtracting Eq. (52) from
(53), and re-arranging, it can be easily shown that:

YC_ (c,/cy)

= - (54)
O 1+ (8c,/1C;)]

For unconstrained cavity growth [Eq. (42)], YCV/aCi must be greater than
unity. Since <Z;> = Cé/Cg, where <Z;> is the average system bias, then

the unconstrained growth condition is expressed as

BC

z>»{1+—£Y) . ' (55)
i cV
Tog
If <Z;> is expressed as
<Zi> =1+ Azi s (56)

then, the unconstrained growth condition is

BC
<az> > —-—% . : (57)

YC,

Cavity growth can therefore be constrained until this condition is
satisfied. In other words, the conversion condition from constrained to

unconstrained growth is achieved when:
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(vacancy-sink reaction rate) > <AZi>

x (vacancy-helium reaction rate) . (58)

Equation (58) is the necessary condition for the conversion process.

3. RESULTS OF CALCULATIONS

3,1. Influence of Clustering on Single Gas Atom Transport to Grain

Roundaries

During the early stages of irradiationm, helium is generated as an
interstitial atom but is soon trapped when vacancies become available.
The concentration of untrapped helium is never very high. This trapping
eventually leads to the formation of bubbles from substitutional helium.
The results of calculations for ion-irradiation conditions are presented
first. This is intended to simulate a study conducted by Argonne using
dual-ion beam irradiation at a nominal temperature of 625°C on type 316
stainless steel [48]. The displacement damage rate is 3 x 1073 dpa/sec,
and the helium/dpa ratio is 5. While the re-solutlon parameter b has
been set = 1, and the dislocation bias factor to <Zy> = 1.2, the
remainder of material parameters are the standard values for 316 stain-
less steel and are given in Table 2. The sensitivity of the calcula-
tions to input parameters is discussed later in this section.

The influence of matrix clustering on the transport of helium atoms
to grain boundaries 1s shown in Figs. 1 and 2. Figure 1 shows the con-
centrations of single vacancies Cv’ self interstitials Cj, interstitial
helium Cg’ substitutional helium Cgv’ as well as bubbles Cy. It is
shown that the time structure of C, and C; is little affected by the

presence of helium. However, the absolute magnitude of the vacancy
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TABLE 2. Standard material parameters for 316 stainless steel.
Notation Parametey Value Units Ref.
a Lattice parameter 3.63 A 1
k Boltzmann's constant 8.617 x 1077 eV/X
p Dislocation density I x 1010 cm/cm2
d Grain diameter 3 x 1073 cm 2
B Migration energy of single
1 interstitials 0.2 eV 3
B Migration energy of
g interstitial helium 0.2 eV
BV Migration energy of single
v
vacancy 1.4 eV 3
EBh Detrapping energy of a
v sustitutional helium 2.4 eV 39
Eg 7h Detrapping energy of a Sub-He-He 3.5 aV 39
3
Eg Detrapping energy of
g di-interstitial helium 0.79 eV 4
EE Formation energy of a vacancy 1.6 eV 3
E? Formation energy of an
* interstitial 4.08 ev 3
Yy, Surface energy 6.24 x 1014 eV/cm2 3
vy Interstitial vibration frequency 5 x 1013 sec”l 5
Vg Helium vibration frequency 5 x 1013 sec”!
. Vacancy vibration frequeney 5 x 1012 sec! 6
rp Precipitate radius 1076 cm
Np Precipitate number density 1010 em™3
B Van der Waals' constant 1.75 x 10723 6
b Re—-solution parameter 1
24 Bias factor of interstitials 1.2
f Atomic volume 1.1958 x 10723 ¢ 8
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Figure 1. The evolution of clusters and bubble concentrations as
a function of irradiation time. Irradiation condition is
dual ion beam with a He (appm) to dpa ratio of 5§ and
damage rate of 3x1073 dpa/sec at 625°C.
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Figure 2. Helium distribution between the different traps
in the material. The irradiation condition is a
He(appm)/dpa equal to 5 at a 3x10°3 dpa/sec at

625 C. :
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concentration in this case is less than the corresponding case without
the interaction with helium gas. After a short period of irradiation
time {(t » 0.1 sec), more helium is produced by displacement reactions
leading to a second peak in the interstitial helium concentration around
10 sec, as can be seen in Fig. 1. The system comes to near dynamic
equilibrium in about 1000 sec (few dpa's). Figure 2 shows the distribu-
tion of helium in clusters, bubbles, and grain boundaries as a function
of time. By definition, vacancy-helium clusters are those containing
three helium atoms or less, while bubbles contain more than three helium
atoms. Since the helium injection rate is constant, the total amount of
helium is linear in time. During early irradiation times (< 0,01 dpa},
most of the injected helium resides iIn small helium-vacancy clusters.
These are converted to bubhbles at a higher dose, as shown in Fig. 2.
The largest propofﬁion of helium ends up in matrix bubbles at doses
greater than about 10 dpa. Tt is observed that during the early stages
of irradiation helium i1s contained in small clusters. Later, a large
proportion goes to grain boundaries. However, the matrix bubble concen—
tration becomes significant,when the fraction of helium at grain bound-

aries is only a few percent of total injected helium.

3.2. Comparison with Experiments

Figures 3 and 4 demonstrate the sensitivity of cavity evolution
parameters to variationms in the re-solution rate. In Fig. 3, a higher
re—solution rate 1s shown to result in contlinuous cavity nucleation
without saturation of the total number density. Low re—soiution
parameters (below 0.1) lead to saturation of the cavity number density

after a short transient time. On the other hand, higher re-solution
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Figure 3. The effect of re-solution parameter on the bubble

concentration for dual ion beam irradiation at 625 C,
The He(appm)/dpa is 5 and the damage rate is 3x10™3
dpa/sec. (Data from ref.[48])
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Figure 4. The effect of re-solution parameter on the boubble
growth for dual ion beam irradiation at 625 C,
The He(appm)/dpa is S and the damage rate is L
3x10-3 dpa/sec. (Data from ref.[48]) ‘
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parameters result in continuous cavity nucleation. The exact wvalue of
the re—solution parameter is actually a function of the PKA energy and
the cavity radius [49]. This refinement is not included in the present
analysis. The effects of helium re-solution on the average matrix
bubble radius is shown in Fig. 4. A larger re-solution parameter leads
to a higher concentration of substitutional helium, and hence to con-—
strained cavity growth.

The influence of the bias factor Z; on the microstructural param-
‘eters is demonstrated in Fig. 5. The reasonable variation in Z; shows
that the model results come In agreement with experiments. The point to
note in Fig. 5 is the fast buildup of total cavity demsity. Cavity
nucleation is shown to be a fast physical process. However, trailing
nucleation may still persist beyond this fast phase, as illustrated in
Fig. 6. The nucleation current, J, is shown as a function of irradi-
ation time for extreme parametric conditioms. It is interesting to note
that nucleation during the early parts of irradiation (below ~ 0.01 dpa)
is totally insensitive to parametric variations and is primarily depend-
ent upon hellum and dpa generation rates. Geﬁerated helium is immedi-
ately trapped in free vacancies or by small vacancy-helium clusters.
This behavior is similar to the concept of a nucleation pulse as de—
scribed'by Trinkaus [40). Trailling nucleation may still proceed at a
slower rate, dictated by irradiation conditions, for a long time.
Cavity number density may therefore increase by a crucial few orders of
magnitude over the period of irradiation. Tt is therefore emphasized
that this mecﬁanism is a dynamic nucleation mechanism for cavity forma-
tion. Such dynamic nucleation can be continuous throughout irradiation

if the re-solution rate is high, as demonstrated in Fig. 6.
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Figure 5. The number density of bubbles is strongly affected
by the interstitial bias factor Z;. The irradiation
condition iso 1.5x1072 appm/sec and a He(appm)/dpa
of 5 at 625 C. (Data from ref.[48])
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A compariscn of calculations with HFIR data {50] is shown in
'Figs. 7 and 8. The high cavity densities in HFIR experiments may be an
indication of the dominance of dynamic re-solution, as well as con-
strained growth as described earlier. A comparison of this data with
EBR-II data shows that cavity densities are orders of magnitude higher

due to the profound influence of helium on nucleation.

3.3, Effects of Pre-Existing Matrix Precipitates and Grain Size on

Grain Boundary Helium Gas

One practical idea to prevent grain boundary cavity nucleation, and
hence mitigate helium embrittlement, is to trap the helium on matrix
precipitates (e.g., [26]). This idea has been 1lmplemented in the devel-
opment of titanium-modified stain}ess steels that are resistant to
helium embrittlement. This section describes the results of the preéent
model regarding precipitate effects on helium trapping. Figure 9 shows
the results of such calculations for a simulation of éhe Argonne experi-
ment. The figure shows the grain boundary gas content {(appm), for a
total amount of 130 appm injected helium, as a function of the matrix
precipitate concentration (cm"3). It is shown that the amount of grain
boundary gas 1s an insensitive function of the matrix precipitate con-
centration below ~ 1012 ﬁrecipitate/cm3. The precipitates were assumed
here to be spherical and of an average size Rp = 100 A. The amount of
gas finally residing at the grain boundaries decreases sharply as the

precipitate density is increased (above 10!l en™d).

0l em3y

However, even at

relatively moderate densities (1 em 7), few ppm helium still escape
to the grain boundary. Figure 10 shows helivum bubble densities in the

matrix at precipitates, as well as the total density. Homogeneous

135




BUBBLE CONCENTRATION, cm-3

1018

1017

1015

1013

101

109

10' 102103104 105 10° 107 108

| |

1 Ret. (50)
Re—solution parameter
larger than 1 seems
more Ffeasonable for
data correlation.

IRRADIATION TIME (sec)

Figure 7. The effect of re-solution parameter on the bubble
concentration for HFIR irradiation at 467 °C. The
He(appm)/dpa is 69 and the helium implantation
appm/sec. (Data from ref.[50])

rate is 6.9x10~

136




BUBBLE CONCENTRATION, cm~3

1017

ORef. (50)
The vadation of the bubble
density with 2; is relatively
small.
1014 ] ! 1 |
0 20 40 80 60 100

DPA

Figure 8. The dependence of the bubble density on the bias factor
as a function of DPA for HFIR condition at 467°C. a
re-solution parameter of 10 is used in this case.

{Data from ref.[50])
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of helium at the grain boundary. Total injected helium

_is 150 appm at 625°C.

133




BUBBLE CONCENTRATION, (cm-?)

1016
1015}
1074
1013
- +,
1012 ,,r.'__ Cgpt (heterogeneous)
/’
R
’,
1011 Il At a large precipitate
,/' density most bubbles
e are associated with
’f" precipitates.
7’
101° s~ ! ] 1 !
1019 1011 1012 1013 1014 1013

PRECIPITATE DENSITY (cm-3)

Figure 10, The effect of matrix precipitates density on the bubble
concentration. The total injected helium is 150 appm at

625°C.

139




nucleation of matrix cavities is reduced by the heterogeneous nucleation
of cavities at precipitates.

Figure 11 shows grain boundary helium content (appm) as a function
of grain diameter (micrometers), for a total injected helium of
150 appm. The grain boundary gas is a strong functicn of grain diameter
in the range of 10-50 micrometers. It decreases sharply from about 1/3
of total injected helium for a grain diameter of 15 ym, to roughly 1/30
of injected helium at a diameter of 60 ym, and then saturates there-
after., A moderate grain diameter of 30-60 pym is shown to be sufficient
for reducing grain boundary helium trapping. Larger grain sizes do not
result in a considerable improvement, The amount of helium per unit
surface area is also shown on the same figure. It is shown that this
quantity, which determines grain boundary bubble density, is relatively
insensitiﬁe to grain size. Precipitates have been quantitatively shown
to result in a reduction In the amount of helium trapped at grain
boundaries. However, for practical precipitate densities few appm of
helium may still reside at grain boundaries. Increasing matrix precipi-
tates 1s therefore concluded to be more effective in reducing helium

embrittlement than increasing grain size,

4, CONCLUSIONS
In this chapter, 1t was shown that the model gives a Treasonable
agreement with available data on matrix hellum—-filled cavity nucleation

and growth. This investigation demonstrates the effects of several
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physical mechanisms that are significant in interpreting experiments and

furthering theory development. The following points are concluded:

The injection of helium gas into the solid, either via nuclear
reactions or by implantation, cannot be separated from the
question of vacancy mobility. It has bheen shown that large
helium concentrations lead to the immobilization of a large
fraction of vacaneies, which in turn leads to a constrained
mode of cavity growth provided that the cavities or clusters

are immobile.

Helium gas re-solution due to the interaction of displacement
damage with® gas-filled cavities is a process of prime i;por—
tance to cavity re-nucleation. At high re-solution rates,
dynamic nucleation is a continuous process throughout

irradiation.

Theoretical models and experiments are both needed to determine

the effects of re—solution.

The external source of helium injection can be less important
compared to internal helium sources due to gas re-solution

effects on gas arrival rates at graln houndaries.

During early irradiation, helium gas 1s trapped in small
vacancy clusters. A large fraction of gas migrates to grain
boundéries until matrix cavity nucleation is complete. When
this is achieved, the majority of Iintroduced gas resides in

bubbles and a small percentage arrives at grain boundaries. It
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may be impossible therefore te completely suppress helium from

reaching grain boundaries.

In order for matrix precipitates to act as effective helium

traps, their density must be high (& 1013 - 1014 en™3).
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NGMENCLATURE
Description
Lattice parameter
Van der Waals' constant
Re~solutlon parameter
Matrix bubble concentration
Interstitial helium concentration
Equivalent grain boundary sink concentration
Substitutional helium concentration

Di-interstitial helium cluster concentration

Concentration of a cluster containing 2-helium atoms

and one vacancy
Interstitial/vacancy concentration

Equivalent dispersed self-interstitial
sink concentration

Equivalent dispersed vacancy sink concentration
Matrix precipitates concentration

Bubble embryo concentration

Equilibrium vacancy concentration

Grain diameter

Diffusion coefficient of vacancies/interstitials

Thermal emission probability from a
substitutional helium

Thermal emission probability from a

- vacancy-di-helium cluster

Thermal emission probahility from a bubble

Thermal formation probability for a vacancy

Dissociation probability for a di-gas atom cluster

Thermal emission probability from a
precipitate bubble
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Units
(em)
(~ 1)

(at/at)

(at/at)

(at/at)

(at/at)

{at/at)

{at/at)

(at/at)

{at/at)

(at/at)
(at/at)
(at/at)
(at/at)
(at/at)
(cm)

(cmzsﬂl)




int
He
ext

Emission rate constant of a helium atom from a
substitutional helium

Emission rate constant of a helium from a
di-helium single vacancy cluster

Emission rate constant of a helium from a
di-helium cluster

Binding energy of a substitutional helium
Binding energy for a vacancy and a di-helium
Binding energy for a di-helium

Binding energy for a vacancy and a bubble
Vacancy formation energy

Fraction of vacancies surviving cascade instantaneous
recombination

Fraction of total gas at the grain boundary

Frenkel-palr generation rate

‘Helium atom generation rate

Internal He generation rate

External He generation rate

Flux of helium to the grain boundary
Boltzmann's Constant

Number of gas atoms in a matrix bubble/precipitate
bubble '

Total number of gas atoms at the grain boundary
Total number of gas atoms at precipitates
Matrix precipitate density

Pressure in a matrix bubble/precipitate bubble
Radius of a matrix bubble

Radius of a precipitate bubble
Radius of a precipitate

Equivalent radius of a bubble-precipitate pair
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{(1/sec)
(1/sec)

(1/sec)
(ev)
(eV)
(eV)
(eV)

(ev)

(dpa/sec)
(at/at/sec)
(at/at/sec)
(at/at/sec)
(at/at/sec)

(eV/X)

(1/cmd)
(eV/cmS)
(em)

(cm)

(cm)
(cm)




g,V
Ry,s

Ry,2g
Ry,gv

Rv,ng

g,8

Rg,gv
Re,2gv
g,8b
Re,2g
g5

g,ppt

Reaction rate between

Reaction rate between
vacancy sink

Reaction rate between
di-helium cluster

Reaction rate between
substitutional helium

Reaction rate between
di-gas single wvacancy

Reaction rate between

single helium

vacancies and

vacancies and

vacancies and

vacancies and

cluster

vacancies and

critical bubble nucleus

Reaction rate between
di-gas single vacancy

Reaction rate between

interstitials
cluster

interstitials

critical bubble nucleus

Reaction rate between

interstitials

equivalent interstitial sink

Reaction rate between
substitutional helium

Reaction rate between

Reaction rate between
single vacancies

Reaction rate between

Reaction rate between
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CHAPTER V

THEORY OF CAVITY NUCLEATION AT GRAIN BOUNDARIES DUE TO HELIUM

It is a well established fact that voids are nucleated at grain

houndaries even in the absence of irradiation during high temperature
creep conditions. This has been attributed to the concentration of
stress at particles and triple-point junctions, as already described in
detail inVChapter II¥. However, under irradiation at high temperature,
it has been obhserved [1-5] that the population of voids at grain bound-
aries is typically 4 to 5 orders of magnitude higher than unirradiated
creep-tested specimens. This has been attributed to the presence of
helium at such boundaries. In the previous chapter, the flux of single
helium atoms to grain boundaries has been estimafed through_ a series of
rate equations which describe single gas atom motion and various VHCs
(vacancy-helium clusters). A net flux of interstitial helium atoms will
‘end up at grain boundaries resulting in cavity nucleation. It was
recently suggested, but not implemented by Trinkaus [6]1, that, in prin-
ciple, the buhble structure developing at gra;Ln boundaries can be
estimated in the same way as has been done for the grain interior:
i.e., through a series of rate equations to describe single helium
atoms, trapped at grain boundaries, motion, and clustering. In this
chapter an implementation of this idea is carried out with the added
modification that single helium atoms can escape the grain boundary
through dynamic re-solution. That is, helium atoms which are trapped

can be diéplaced through collision cascades or direct collisions with
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the primary particle (neutron or ion). Such a displacement will send
the helium atoms back into the grain interior.

Details of the theory are shown in the next section. The results
of calculations are presented in Section 2. These are followed by

conclusions.

1. THEORY OF HELIUM CLUSTERING AT GRAIN BOUNDARIES

As was previously mentioned, helium production at the grain
boundary is achieved through single, interstitial helium escaping the
interior grain traps. Since the interior grain traps change with irrad-
iation, the production of helium at the grain boundary is time depend-
ent. Vacancles at grain boundaries are assumed readily available to
trap helium interstitials. Once this vacancy-helium complex is formed
on the grain boundary, it can accept the newly arrived gas atom to form
higher order complexes on the grain boundary. Once a tri-helium complex
is formed with some vacancies (need not be determined) a bubble is born

on the grain boundaries.

I.1. Rate Equations

In this section, four equations are written for the following
species: (1) single helium complex Cgb, (2) di-helium complex (also a
bubble nuclei) containing 2 helium atoms ng, and (3) large bubbles

contalning m helium atoms Cgb. An equation that describes the average
number of helium atoms in a bubble is also presented. In the next

chapter, the growth of the grailn boundary bubbles is investigated.
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1. Single Helium Complex.

ac8P 2
g gb _gb gb gh .gb gb _gb _gb
—t = - 2R C - R cc” g2 - 1w c°” ¢
dt gb g,8 & g£,22 g 2g g,b 'g b
gh gb gh gb
- hGCS” - R ccooC . 1
g g,bppt g bppt (1)

2. Di~Helium Complex.

acBP 2
—28 _ g8b 8D | 51008D | p8b 8D &b 2
dt g,8 ¢ 2g g,2g g 2¢g (2)

3. Grain Boundary Bubble Concentration.

gb -
dc
b _ .3 g8 gbeh (3)

dt gb "g,2g g "2g
mb

4, Average Number of Gas Atoms in a Bubble.

dmﬁb
_b _ o8b gh _ gh
T Rg’b cg b6my, . (4)

1.2, Reaction Rates

A basic frequency 1is introduced to describe the clustering systems

at the grain boundary n. n can be defined as:

The combinatorial factor for bubbles at the grain boundary will be

described in the same way as in the matrix. This is,
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1.3. Gas Reactions

Rgb = 27 s

g,8
gb

R = 2
g,2g "
gb _

Rg,b EGBT! .

(63

(7

(8)

(9)

Now the previous set of equations can be re—written in the following

form:

b
EE._ gb2 gb .gb b .gb
= -4 - - B 8§
It ng an han ng €GB an Cb
_ ppt _.gb .gb _ ..gb
SGB an Cbppt SCg ’
gb
dcC 2
28 _ 9,08 _ 508D 8D _ gb
ac 2nC Zan ng ZGCg .
ac8P

t mog 2g

dmgb

g gb _ . gb
at Smy

= E:GTB ncg

The interbubble half spacing 1. can now be determined by using

gh

L =1/ va ’
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2. RESULTS OF CALCULATIONS

The rate of clustering of helium at grain boundaries is only
influenced by the effective migration energy of the single helium atom
comple. The effective migration energy of helium in the matrix has been
studied in detail by Ghoniem et al. [7]. However, very little ié known
about its value at grain boundaries.

It is generally believed that helium atoms introduced at grain
boundaries reside in a substitutional position since the supply of

'vacancies at grain boundaries is inexhaustible. Figure 1 illustrates
the sensitivity of the effective helium migration energy om the grain
boundary bubble demsity. The irradiation conditions simulated in the

figure are that of dual ion-beam irradiation which are conducted at
625°C on type 316 stainless steel. The displacement rate is 3 x 10-3
dpa/sec and the helium to dpa ratio is 5. Increasing the effective
migration energy results in enhanced nucleation. A migration energy of
1.5 to 2.0 eV results in a bubble density consistent with those observed
experimentally [1-5].

Another key parameter which indirectly influences the boundary
clustering conditions is the bias factor Z;. In prineciple, Z; should
affect the grain boundary sink strength by controlling the supply of
vacancies in the matrix and hence the average bubble size. The larger
the bubble size, the less single interstitial helium atoms are able to
escape the matrix -to the grain boundary. The exact value of Z; 1is not
well known., Figure 2 nicely illustrates that the bias factor, which
controls the.clustering picture in the matrix, does not have a large

influence on the amount of helium arriving at the grain boundary and

does not affect its bubhle structure. The irradiatioen conditions used
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Figure 1. The effect of the grain boundary migration energy

on the grain boundary bubble density.
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Figure 2. The influence of the bias factor on the bubble density
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for the calculatioms are that of HFIR at 470°C on type 316 stainless
gteel. The displacement rate is 1076 dpa/sec and the helium (appm)/dpa

is 69,

2.1. Comparison with Experiments

There are many experiments which reported cavitation due to helium
(e.g., [1]—[5],[8];[10]). However, many failed to report the exact
irradiation conditions. This has made it difficult to test the strength
of the theory over a wide range of irradiation conditions. However, the
theory gives a reasonable account of the extent of clustering in com—
parison with the two experiments. Figure 3 is intended to simulate
the grain. boundary bubble nucleation experiment‘conducted by Lane and
Goodhew [4]. It shows the bubble densities as a fdnétion of implanta-
tion rate. The experiments were carried out at 600°C, The helium
(appm) to dpa ratio is 1.6 x 104. The figure clearly shows that the
bubble density increases with increasing implantation rate. The model
successfully shows the correct trends as those observed experimen—
tally. The gigure also illustrates that increasing tﬁe grain boundary
helium migration energy enhances the nucleation of buhbles.

Figure 4 simulates a very recent grain boundary bubble nucleation
experiment conducted by Batfalsky and Schroeder [2]. The helium (appm)
to dpa ratio is 10%. The helium implantation rate is 100 appm/hr and it
is dome at 750°C. The simulation clearly shows that the effective
migration energy is approximately the same as that for self diffusiom.
A self-diffusion energy of 1.9 eV has been reported by Smith and
Gibbs [11]. The figure also shows that the helium clustering rate is

extremely large in the beginning of irradiation and it slows down as the
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Figure 3. The influence of the He migration energy on the grain
boundary bubble density. The total injected He is 5600 appm.

(Data from ref.[S])
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Figure 4. Grain boundary bubble density as a function of the helium
concentration. (Data from ref.f2])
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amount of helium arriving at the grain boundary balances that which

leaves it by re-solution.

3. CONCLUSTONS

1.

Rate theory can be successfully used to study the clustering

behavior of helium at grain bounﬂaries.

The clustering behavior of helium at grain boundaries 1is

insensitive to variations in the bias factor which influences

the matrix clustering system.

The effective migration energy of helium at grain boundaries is

approximately that of self diffusion.

The model confirms experimental observations that the bubble
density, due to irradiation, forms orders of magnitude larger
than the cavity population observed in creep experiments in the

absence of irradiation.

Higher helium implantation rates result in a higher grain
boundary bubble density, even though the total amount of helium

injected remains constant.

Even if the total injected helium is as little as one (appm),
it can result in a grain boundary bubble density as high as
109 cm—2 and thus drastically deteriorates the grain boundary

resistance to fracture.

The grain boundary bubble density reaches a steady state at

large amounts of injected helium (~ 10 appm).
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NOMENCLATURE

Symbol Description Units
'
Cgb Single helium atom concentration ;
g (at grain boundary) (at/at)
ng Di-helium complex concentration (at/at)
C%b Grain boundary bubble concentration (at/at)
mgb ' Average number of gas atoms in a bubble
Qg Flux of helium to the grain boundary (at/at/sec)
b
b Re-solution parameter (~ 1)
GB . .
EHe ~ Effective helium migration energy (eV)
n Frequency factor (1/sec)
5 Re-solution frequency (1/sec)
T Temperature (°K)
k Boltzmann's constant (eV/°K) 1
t Time (sec) '5‘_:
o Diffusional-control combinatorial factor %
for bubbles (1/sec) :
Rgbg Reaction rate between single helium complexes (1/sec)
2
Rgbz Rezaction rate between single and di-helium
£>°8 clusters (1/sec)
Rgbb Reaction rate between single helium and bubbles (1/sec)
3
v Helium vibration frequency {1/sec)
&Y
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CHAPTER VI

RESULTS ON THE EFFECTS OF HELIUM ON CREEP RUPTURE

Numerous models have been proposed (e.g., [1-11]) to explain the
observed time-to-rupture in creep experiments. All existing cavity
growth models assume that cavity growth, rather than the other stages
such as nucléation and interlinkage, is the dominant stage in deter-
mining creep fracture life. In the present model, the two stages of
helium-driven cavity nucleation and cavity growth are combined together
in our model.

Grain boundary cavity growth is a process which involves the
presence of vacancies in ample quantities. Many cavity growth models
[1-4,7] always assumed that boundaries can supply such vacancies withoﬁ;
limitation. Such models actually ignored the physical nature of grain
boundaries in their ability to supply vacancies. In this chapter, a
review 1s given of the basic concepts behind grain boundaries as vacancy
sources. This is followed by a review of the basic growth models. In
Section 4, calculations and results of the comﬁined nucleation/growth
model developed by us are given. This is accomplished by cowparing the

theoretical model to experimental data on creep rupture.

l. GRAIN BOUNDARIES AS A VACANCY SOURCE

1.1. Experimental Evidence

Chronologically, the first method for demonstrating that grain
boundaries act as a vacancy source was devised by Barnes et al.

[12,13]. Helium atoms were injected into metals by bombardment with
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alpha particles. On subsequent heating helium atoms have a tendency to
precipitate within the metal in the form of large gas bubbles by cap-
turing vacancies. This blanket of bubbles forms in the vicinity of high
angle grain boundaries which act as a vacancy source. The specimens
which were not heated showed no bubbles.

Similar experimental results obtained in studies of precipitation
processes (of both point defect precipitation and solute precipitates)
at grain boundaries supply evidence for grain boundaries as point defect
ainks/sources. When a pure metal is quenched from high temperatures
and/or irradiated with high energy particles, a supersaturation of point
defects may be obtained. These point defects may condense in the form
of dislocation loops and voids which may be observed by transmission
electron microscopy. The condensation process is heterogeneous in poly-
crystalline specimens in the sense that denuded zones exist near grain
bouﬁdaries [14,15]. As the condensation occurs by nucleation and growth
processes, a certain supersaturation of point defects 1s required.
Hence the observation of denuded zones suggests a lower point defect
supersaturation in the denuded zones in the viciniéy of grain boundaries
than in the perfect lattice. This is attributed to the annihilation of

point defects at the boundaries.

1.2. Diffusional Creep

Indirect evidence for the creation/annihilation of point defects at
grain boundaries comes from observation on diffusional creep (high tem~
perature creep, Nabarro-Herring creep). Diffusional creep of poly-
crystalline materials is known to occur by the stress-motivated dif-

fusion of wvacancies through the lattice and along grain boundaries.
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Hence, diffusional creep requires the emission and absorption of
vacancies from grain boundaries to occur. In the case of pure metals,
the theory of Nabarro-Herring creep [16,17] (excellently supported by
the experiments [18]) indicates that most grain boundaries in poly~
erystalline specimens act as perfect vacancy sources and sinks even at
vacancy chemical potentials as low as 10_5 eV, However, detailed
measurements {19,20]'have shown the existence of threshold effects for
the creation/annihilation of vacancies at specific grain boundaries. 1In
order to correlate the existence of threshold stresses and the source/
gink efficiency of a grain boundary with the intrinsic boundary struec-
ture, the vacancy source efficiency of different types of boundaries has
been measured by means of diffusional cféep experiments [21], using
copper specimens with a bamboo-type structure. It was found that the
boundaries of low efficlency are the low energy grain bqundaries whereas
high energy boundaries readily emit vacancies. The different behavior
of both types of boundaries may be understood in terms of the boundary
struéture. The emission of a vacancy from a boundary requires a local
rearrangement of the atoms in the boundary. In the case ;f a low energy
boundary, e.g., 2 coherent twin boundary, such a rearrangement requires
a relatively large energy because it results in a local distortion of
the low energy boﬁndary structure. In the case of high energy bound-
aries, a distortion of the boundary structure is not required. Hence
high energy grain boundaries may be expected to act as more efficient
sources or sinks for vacancies than low energy houndaries. The conclu—
sion 1is that ﬁon—special boundaries were found to act as ideal sources

whereas special boundarles, corresponding to § = 3, 5, 7, 9, 11, and 15
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misorientations (I characterizes the inverse coincidence site density),

did not operate at all at chemical potentials smaller than 2 x 10_5 ev.

1.3. The Role of Grain Boundary Dislocations in Point Defect

Absorption/Emission

Any high angle grain boundary can be represented as an array of
closely spaced lattice dislocations [primary grain boundary dislocations
(PGBDs)]. However, if non-uniformities are pericdically present in the
array of PGBDs, they may always be described as secondary grain boundary
dislocations (SGBDs). The geometry and Burgers vectors of SGBDs have
been discussed in detail elsewhere [22].

All dislocation models of high angle grain bopndaries as point
defect sources/sinks (e.g., [23-25]) are based on the assumption that
the point défects are create&/annihilated by the climb of dislocations
in the boundary. The basic feature of the source/sink models based on
the climb of boundary dislocations may be understood by considering the
two limiting cases: (1) boundaries containing only PGBD (exact coinei-
dence boundaries) and (2) boundaries containing both PGBD and SGﬁD (off-
coincidence boundaries). Boundaries of the exact coincidence type, Fig.
1{a), may operate as source/sink by the climb of a segement of a PGBD
[26] as illustrated in Fig. 1(b). Such a process introduces a non-
uniformity into the PGBD array which may further grow into a loop by the
addition of new point defects. In order to overcome the nucleation
barrier of the loop, an appreciable point defect chemical potential is
required which 1s experimentally evidenced by a threshold stress or
threshold supersaturation of point defeets {19,20]. In this case, the

boundary efficiency as a source/sink depends on the density of climbed
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Figure 1. (a) A schematic illustration of a typical grain boundary.
(b) Dislocation arrangement during point defect absorption/
creation. The dislocation AB has absorbed point defects
resulting in a jog. This jog can be described as a loop
of a secondary grain boundary dislocation (broken line).
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segments per unit area of the boundary. Boundaries of the exact coinci-
dence type may contain SGBDs which are not part of the equilibrium
structure, e.g., lattice dislocations which have impinged on the bound-
ary. Such (extrinsic) SGBDs can climb in the boundary and wrap them~
selves into dislocation spirals [24,27]. The presence of such SGBD
loops 1inhibits the nucleation of SGBD and substantially reduces the
chemical potential of the point defects to drive the source/sink action.
However, there may still be a threshold effect when the critical radius
of curvature of the spiral approaches the grain size.

0ff-coincidence boundaries can act as a source/sink by the climb of
a SGBD segment similarly to the process shown in Figs. 1(b) and 2.
Boundaries of this type may act as sources/sinks basically analogous to
the exact-coincidence boundaries.

The description of the creation/annihilation of point defects given
in terms of PGBDs and SGBDs may represent an over simplification of
reality. The model seems applicable to boundaries where well-defined
SGBDs are known to exist., However the total number of such boundaries
revealed is still small [28], and it may not be evident that such dislo-

cations are responsible for the creation/annihilation of point defects.

l.4. Control of Vacancy Creation/Amnihilation in Boundaries by Lattice

Dislocations

According to the formal_theory of crystalline interfaces, which has
been developed by Bollmann {[29], it is always geometrically possible for
a lattice dislocation that impinges on a grain boundary to enter the
grain boundary. Such dislocations may dissociate into two or more grain

boundary dislocations while conserving the total Burgers vector [30-33].
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Figure 2. Diagram illustrating the climb of a SGBD by atom absorption.
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It was asserted by Dingley et al. {32] that grain boundaries do not

offer substantial resistance to oppose the entry of a crystal disloca-

tion into them. However, a second dislocation approaching the boundary
on the same slip plane as the first will be opposed, to a greater or
lesser extent, by the first dislocatons trapped there. The magnitude of
the repulsive force will depend on the mobility of the first dislocation
in the boundary, since it is possible that such dislocations become
trapped at grain boundary ledges, etec., which will result in a large
repulsive force preventing any additional dislocations from entering the
houndary in nearby slip planes. However, trapped lattice dislocations
can leave the boundary once a favorable exit slip plane is encountered.
This process is illustratedrschematically in Fig. 3. The model illus-
trated in Fig. 3 is a very general representation which iﬁﬁludes the
possibilities that lattice dislocations may enter or leave the boundafy
and elimb in both the lattice and the boundary, and that they may
actually control vacancy creation and annihilation in the boundaries.
The mode of vacancy creation is essentially the climb process of these
disiocations in the boundary plane. This model has already been quan-
tified by Beere [9] and will be discussed in detail later in this

chapter.

2. THEORETICAL TREATMENT OF CREEP CAVITY GROWTH

Many cavity growth mechanisms have been proposed to explain the
observed time—-to-rupture during creep rupture experiments. Some of
these mechaﬁisms compete with each other so that the fastest mechanism
determines the growth rate of graln boundary cavities. 1In other cases,

the slowest of a group of mechanisms control the overall rate of cavity
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Figure 3. A schematic illustration of lattice dislocations
~ interaction with grain boundaries.
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growth, Beere [34] has suggested that the actual growth rate can be
computed by considering that various growth mechanisms share mixed
sequential/independent relationships to each other. For instance, grain
boundary diffusion can act independently of the plastic cavity growth
mechanism. The relationships between the mechanisms are illustrated in
Fig. 4. Independent mechanisms are represented by parallel circuits and
sequential mechanisms by series circuits. In the approach of Beere [34]
the reciprocal growth rate of a particular mechanism is treated as an
impedance, and the impedance of a given series circuit 1is obtained by
summing the impedances of the mechanisms in the circuit. The overall
growth rate is then obtained by summing the reciprocal impedances of the
éircuits in parallel.

Adopting the approach outlined above, and demoting grainm boundary
diffusion by BD, dislocation creep growth by DC, and source control of
vacancies by SC &and also realizing that surface diffusion is rapid at
high temperature and not rate controlling, the overall veolumetric cavity

growth rate V is then given by:

vV

. s VBD 'S¢

V = VDC + - - 3 (1)
Vap * Vsc

where GDC’ %BD’ and GSC are the volumetriec cavity growth rates from the
three mechanisms individually.

Before performing the computation indicated by Eq. (1), the details
of the various mechanisms will be presented which will also include our

modification to account for the lenticular cavity shape.
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2.1. Grain Boundary Diffusion Growth Model

It is now more than a quarter of a century since Hull and Rimmer
[1] published their classic paper on the stress-induced growth of grain
boundary voids. Their work was based on the Balluffi and Seigle ([35]
findings that vacancies could be produced at grain boundaries in suffic-
ient numbers to allow cavity growth. The cavities were placed on an
idealized square grid in the grain boundarf plane. However, the combi-
nation of circular and square geometries in the Hull-and-Rimmer treat-
ment led to an inconvenient form for the growth rate. Since then, many
authors have recalculated the growth rate assuming circular geometry in
the boundary plane for both the cavity and the collection area of vacan-
cies [2-4,7]. The quantitative model of Speight and Harris [7] of the
growth of grain boundary voids undef stress follows. |

Speighfrand Harrlg [7] assume that Ngb voids of radius R, ﬁave been
nucleated per unit area of grain boundary transverse to the tensile
stress. The void population is divided into a series of identical unit
éells, each with a central void surfounded by the associated grain
boundary area. Figure 5 shows a typical unit cell with the void at soue
stage of the growth process and the radius has increased to R. The
extent of grain boundary from which the void draws its vacancies 1s

determined by

L = 1/JnNgb , (2)

where N, is the areal wvold density at grain boundaries.

gh
It is also assumed that vacancies are created uniformly at a rate

of S per atom site per sec in the annular disk R < r < L surrounding

each void. The vacancies created in the annulus diffuse to the void
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Figure 5. A model for the growth of voids on grain boundaries during
creep by diffusion of vacancies in the grain boundary.
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causing them to grow. The vacancy-diffusion equation in the annulus
region surrounding each void is

14, %
?E[rﬁ]+5=0 s (3)

Dvgb
where Dvgb is the diffusion coefficient of wvacancies in the grain
boundary, C, is the volumetric concentration of vacancies, and § is the

vacancy creation rate., The appropriate boundary conditions

a 2y sin
c,(®) =TT exp[(p - L2 grir] (3a)
c (1) = ¢t exp(d) | (3b)
where Cﬁq is the thermal equilibrium vacancy concentration. An

additional boundary condition can be obtained by realizing that an
individual wvoid is supplied with vacancies from its associated grain

boundary cell; this demands that
[—] =0 . ' (3¢)

The solution of Eq. (3), utilizing the boundary conditions given by

Eqs. (3a) - (3¢}, 1is

2y sin¢‘g_)

= ¢4
Cv(r) Cv exp( R kT

S ) - G @
g
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The vacancy creation rate S can be determined by applying Eq. {3b).
Now, the time rate of change of the volume of the void can be determined

by applying the conservation equation

dv de

T (ans)Dvgb(E;—JR a . (5)
The cavity volume is defined as a function of R and ¢ by [36]

v =g} F /lsin(e)]® (6)
where F_ is given by

F = %E-(Z - 3cosd + c053¢) s (N

as derived earlier in Chapter ITI. Combining Eqs. (5) and (6) yields

3 dc
dR _ [sin(¢)] v
&t "~ 3 F X 218 Dy () & - (8)

The gradient at the void surface is obtained using Eq. (4): and S is

eliminated by the use of Eq. (3c). The product D qu Q is identified

vegb
with the grain boundary self-diffusion coefficient. Because of the

arguments of the exponentials in Eqs. (3a) and (3b) are small, e* is

approximated by 1 + x. Equation (8) then yields
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ar _ 4x [sin(p))’ 2 Pep T, 2y singy

dt 3 Fv L2 kT R

) _
(L/R)™ =1 9)

x | I

20m(L/R) - 1 + (R/L)?

where ng is the grain boundary self-diffusion coefficient.

2.2. Model for Dislocation Source Control of Vacancies

The source of vacancies at grain boundaries has been discussed in
detail in the previous section. The model depicted by Fig. 3 is widely
accepted [9,32-33,37]. The principle of the model is that cavitation
may be controlled by di;location creep. Dislocations moving in the
matrix were considered to enter the boundary and migrate in the boundary
by a combination of climb and glide. Vacancies are created during climb
and migrate to the cavitiés. 1f grain boundary diffusion is suffici-
ently rapid, cavity growth can be controlled by the supply of disloca—
tions. Beere [9] has quantified this model by assuming dislocations to
elimb on the average a distance equal to the inter—precipitate spacing
before re—entering the lattice. Beere's model [9] is equally applicable
to the situation shown in Fig. 3. In the following, we discuss Beere's
model for dislocation source control, and apply it as a part of our
comprehensive creep rupture analysis.

Consider a block of material containing dislocations having their
glide pléne parallel to the x axis as shown in Fig. 6. During creep
dislocation, glide is responsible for the bulk of the plastic deforma—

tion. If the dislocation density in the square block x“y” 1is p, each
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Figure 6. Dislocations in the matrix enter the boundary during the
course of creep. In the boundary the dislocations climb a
distanse A before being re-emitted into the matrix (After

Beere [24]).
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with Burger's vector b, moving at an average velocity V, the strain rate

will be given by [38]

. =pVb . (10)

If the block is oriented at an angle 8§ to the specimen axes, the

specimen strains are given by

g =g , _ sin@ cosH s (11a)
xX X7y
= = _ _ gind cossd s {(11b)
¥y 'y
2 2
Exy ex,y,(cos 9 - sin"8) . (11ie)

The material will have more than one operative glide plane. The model
essentially ;pplies for a typical glide system in which one or two
families of slip planes dominate. The system shown in Figs. 3 and 6
represent a typical glide system composed of two independent glide
systems.

| Dislocations entering the goundary climb a distance A before being
re—emltted. The climb motion of these dislocations results in a normal
motion of the boundary by interstitial absorption during climb, Examin-
ing a typical point at the grain hboundary, say point p in time dt, half
the dislocations in the parallelogram of sides A and Vdt (Fig. 6) will
pass through it. The other half share the same glide plane but move in
the opposite direction. Since an equal number enter the boundary from
above and the aSsorption of interstitials occurs along the dislocation

axis, the normal motion of the boundary at the point p is
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2(8) = p|v|bA sine ' (12)

as shown in Fig. 3.
The positive value of V 1is taken to account correctly for the
contribution from different c¢limb directions in the boundary. The

resolved shear stress on the dislocations is given by

Ux‘y’ = (ny - Uxx)sine cosp + cxy(cosze - sinze) . (13)

For uniaxial deformation, Eq. (13) reduces to

cyy = Gapplied ’ : (14a)
Oex = Oy = o , (14b)
Ux‘y‘ = Uyy sing sing . _ “(l4e)

In this case V is positive in the interval 0 < § < w/2 and negative in
the interval #/2 < 8 < n. Equations (I11) and (12) may be simplified by
taking average values for the angles of the glide planes. In the case

of uniaxial strain, the velocity V changes sign as discussed above and

hence

€ =2 f“/z pbV sin® cos8 dg8 (15)
Yy Ty

n =% f“/z obVA sin’6 dg . (16)
0

Performing the integrations we can end up with
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Putting éyy =g the strain rate immediately above the houndary, the

2!

normal motion of the boundary is given by

(19)

e
i
+]=
Mme
-
-

This normal motion of the boundary as a result of dislocation climb is
also responsible for the creation of vacancies. 1t has been assumed [9]
that matrix dislocations entering the boundaryy climb on average a dis-
tance éﬁual to the precipitate half spacing before being reﬂemitted{ We
will check the validity of this assumption by comparing the model with
the experiments.

The rate of increase im volume of cavitiles %SC is given by the

change in volume assoclated with an area of the boundary sz, where L is

the cavity half spacing

(20a)

e
I
=
[
=]

sC

<o
|
#Wﬂ
[
et
.

sc = (20b)
The creep rate required in Eq. (20b) éz, is the local to the boundary.
It will differ from the far field creep rate & due to the effect of
porosity (e.g., [10]). 1If we define n as the creep exponent for power

law creep, we have
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- 2 . n
Vee =_£_ szé(l - 2y siné/Ro + P/o , (21a)

1 - RZ/L2

where P is the pressure of any gas in the bubble. The cavity growth

rate is therefore given by:

dR  sindp 12 2.+ ;1 ~ (2y sing/Rg) + (P/a)™
- el 7.2 ]
3R FV 1 -R°/L

. (21bh)

2.3. Plastic Growth by Dislocation Creep

At sufficiently high values of the applied tensile stress, it is
possible that ﬁart of the cavity growth can be accommodated by plastie
deformation of the graims. The problem of cavity growth by combined
vacancy diffusion along the grain boundary and plastic &eformatién has

already been treateq by Beere and Speight [4], but the solution is
| rather cumbersome. In the extreme case of no vacancy creation and
cavity growth occurs solely by plastic deformation, the cavity growth

rate has been given by Hancock [39] as

dR _ _+rl - (2y sing/Re) + (P/o)"
- = RE[ ] 3 (223-)
dt | - 22
and hence
Ve 3R’ Fo ol = (2y sing/Ro) + (P/g);™
& " 3.l S =1 - (22b)
sin" ¢ 1 - (R°/L7)

Equation (1) 1s solved numerically using the growth equations, i.e.,

Eas. (9), (21b) and (22a) to determine the time-to-rupture which can be
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defined as the time taken for the cavity to grow to a particular value
of F = R/L where L is the cavity half spacing. A value of F ~ 0.6 has
been adopted in the literature [40-42] as the point as the point at
which the boundary will not be able to support any additional load and
failure occurs. We will investigate the validity of this assumption in

our combined model in Section 4,

3. PROPOSED COMPREHENSIVE MODEL FOR THE HIGH TEMPERATURE FRACTURE OF

FERRITIC/MARTENSITIC AND AUSTENITIC STEELS

As was discussed in Chapter II, ferritic/martensitic steels exhibit
a lower susceptibility to high temperature helium embrittlement over
austenitic alloys (e.g., [43]). The only attempt to explain this phe-
nomenon is recently due to Wassilew [44]. Experimental evidence [44]
has shown that grain bounaary cavity growth rate is much smaller in mar-
tensitics than austenitics; hence cavities are significantly smaller in
martensitic steels. This results in a significant amount of ductile
deformation in martensitics before fracture. However, in austenitics,
cavities grow relatively faster and fracture appears to be brittle in
nature.

At this stage, it seems appropriate to present Wassilew's explana-

tion [44] of the fracture behavior of martemsitic and austenitic steels.

3.1. Wassilew's Explanation [44]

Experimental observations of austenitics have shown that junctions
of grain boundaries and coherent twin boundaries are preferred sites of
the initial cavity nucleation and growth. With time, cavity nucleation

and subsequent growth spread from these junctions along grain boundaries
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perpendicular to the applied stress axis. However, in martensities,
cavities remained uniformly small along the fracture zome.

Wassilew [44] examined the interaction of dislocations with twin
planes and high angle grain boundaries. It is argued that dislocation
motion across twin boundaries £fs not possible, as it would imply the
destruction of the cubic close-packed structure along the slip plane.
In the twin plane, many vacancies are formed through dislocation jogs.
As dislocations move away from the jog at the coherent twin plane, the
vacancies created are trapped in the twin plane because of the high
binding energy of vacancies to twin planes. They migrate along the twin
plane toward the high angle grain boundaries where they are absorbed by
helium bubbles.

In martensitics, twinning doesn't take place and hence the sug-
gested vacancy source 1is blocked and results in a slowed-down bubble

growth rate.

3.2. Our Grain Boundary Cavitation Model for Martemsitic and Austenitic

Alloys

Although the princiﬁles of twin planes as vacancy sources seem
reasonable, the number of twin planes available are not sufficient to
result in a marked difference from martensifics. It seems that 1if
Wassilew's proposed explanation is valid, it will only result in a few
large cavities at twin plane junctions and the cavitated grain boundary
area should not be affected significantly,

As was shown in Chapter III, grain boundary obstacles are prefer-
ential sites for cavity nucleation. The junctions of twin planes and

grain boundaries are actually ideal nucleation sites since they can be
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the source of high stress concentration. This can explain the observed
cavities at these junctions., The rupture behavior discrepancy between
martensitics and austenities can be explained by examining the slip and
slip systems of the two steels. The principal means by which plastic
deformation occurs in crystalline solids is slip. Face—centered cubic
(FCC) metals such as austenitics have 12 possible slip systems. How-
ever, body-centered cubic (BCC) metals such as marteﬂsitics have 48
possible slip systems [49]. In our model, we implement Beere's concept
[6] which states that dislocations entering the boundary are actually
the source of vacancies and the efficiency of the boundary is determined
by the climb distance at the boundary of these dislocations. 1In addi-
tion, these dislocations leave the boundary once precipitates are
encountered. We propose the following scenario for grain boundary

cavitation.

1. The creep rate 1s dependent upon the number of dislocations
which are able to glide when a specific stress system is
applied. The larger number of slip planes in martemsitics as
compared to austenitics readily explains the higher creep
rates and the higher plastic deformationm observed at rupture

in martensitics.

2. Dislocations entering the grain boundary will climb a shorter
distance in irradiated martensitics as compared to irradiated
austenitics. This can be rationalized by taking bubbles to
act as obstacles to dislocations motion. Therefore, in

martensitics, the large number of slip systems will cause
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dislocations to exit the boundary readily, thug limiting the
vacancy supply source needed for cavity growth. While in
austenitics, although bubbles can act as obstacles to dislo-
cation motiom, the number of possible slip systems is signif-
icantly lower; hence dislocations remain in the boundary and
climb until precipitates are encountered which are usually
associated with slip planes [45] and can provide a suitable

exit.
Tn conclusion, dislocations climb in the boundary a significantly
larger distance Iin austenitics as compared to martensities; thus they

provide a larger supply of vacancies needed for growth.

4. NUMERICAL CALCULATIONS AND RESULTS

4.1. Assumptions, Method, and Input Parameters

1. Grain boundary precipitates are perfect sites for cavity
nucleation and cavitation occurs readily, as compared to
cavity growth, upon the application of creep stress at high
témperatures. I+ was shown 1n Chapter IILI that stress-

controlled cavity nucleation is quite fast.

9. The grain boundary bubble concentration, not necessarily
associated with precipitates, 1is determined from the helium

clustering model discussed in Chapters IV and V.
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3.

4.

8.

Grain boundary bubbles and precipitates can act as obstacles
to the SGBD climb process. This limits the growth of bubbles

since S5GBDs are the primary source of vacancies.

As a result of irradiation (a secondary vacancy source),
bubkle nuclei are larger than the ones which can be swept by

SGBDs during their climb process.

The growth behavior of grain boundary cavities and bubbles is

determined by utilizing Eqs. (1), (9), (2la) and (22b).

The equations are integrated simultaneously wusing Gear's

amethod [46].

The interbubble distance is determined from Eq. (14) in

Chapter V.

The creep rates used in solving the growth equations, taken

directly from rupture experiments, are given in Table 1.

The cavity radius at failure, as a fraction of cavity half-

spacing is taken to be 0.6 [41,42]. The validity of this

- assumption will be checked later. The lenticular angle that

the cavity makes with the boundary is taken to be 15 deg [36].
This is consistent with that used in the nucleation calcula-
tion in Chapter III. The surface energy is taken to be 1 J/m2
and the vacancy migration energy is taken to be 1.4 eV, which

is consistent with that used in Chapter TIV.
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TABLE 1. The experimental creep rates utilized(a) in the theoretical
model. (The applied stress ¢ is in MPa.)

Stainless Temp £
teel Type (°K) (1/sec) Remarks
1.4914 873 3.23 x 10734 g1l Unirradiated [47]
1.4914 873 2.31 x 10718 ¢  In-pile [48]
1.4914 873 3.24 x 10733 11 out of pile, 90 appm He [47]
1.4914 923 7.4 x 10724 47 Out of pile, 90 appm He [47]
1.4914 923 2.1 x 10716 &% out of pile, 90 appm He [47]
1.4914 1023 6.18 x 10713 ¢*  oOut of pile, 90 appm He [47]
1.4970 973 2.65 x 10798 020  Unirradiated(P)(47]
1.4970 923 8.6 x 10727 o7 Out of pile, 90 appm He [47]
1.4970 973  2.31 x 10714 42 Out of pile,90 appm gele) [47)
1.4970 973 1.86 x 1075% 420 put of pile, 90 appm e (b) [47]
1.4970 973 3.26 x 10~ o2 out of pile, 140 appm(®) [47]
L4970 973 4.81 x 10°5% 420 out of pile, 140 appm(P) [47]
1.4962 973 3.44 x 10714 o2 oOut of pile, 140 appm®) [47]
1.4962 973 8.6 x 10-5% 20 out of pile, 140 appm(®) [47]

(a)The experimentally observed creep rates is used in the theoreti-
cal model for accuracy.

(Mg > 150 MPa.
(e)g ¢ 150 MPa.
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10. The numerical calculations are aimed at finding the rupture
times at a given stress. Once theoretical rupture times are
obtained, the data are fitted by linear regression methods.
The correlation coefficient for linear regression analysis on

a log-log scale has been close to unity.

1l. For out-of-pile calculations, it is assumed here that during
irradiation, the grain boundary vacancy flux is large enocugh
to enable bubbles to grow to ~ 500 A; hence they are at
equilibrium. This is taken as the initial bubble radius. A
lower stable initial bubble radius was found not to alter the

results significantly.

12. The climb distance of dislocations in martemsitics ig limited
by the interbubble half spacing, while in austenities it is

limited to the interparticle half distance.

4.2, Out—of-Pile Results

4.2.1. Martensitic Stainless Steels. Numerous out—-of-pile rupture data

are obtained from the work of Wassilew [44] and Wassilew et al. [47].
The creep rtupture data sﬁown in Fig. 7 is for 1.4914 steel (similar to
ferrities). Two sets of data are treated together in the figure. The
first comes from creep rupture experiments on unirradiated steels; the
second from similar experiments on pre-irradiated steels. In Fig. 7,
the experimental and caleulated results of the time-to-rupture for
stresses up to ~ 300 MPa at 873°K are compared. The calculated times-—

to-rupture are in good agreement with the experimental results over the
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Figure 7. A comparison of calculated and experimental Time-to-Rupture for

martensitic stainless steel (Data ref. [47]).
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entire stress range., The figure also shows that the rupture times can
be reduced by up to one order of magnitude due to pre-irradiation and a
helium content of 90 appm.

Before proceeding, it is appropriate to check the validity of the
assumption that fracture occurs when the cavity radius is 60% of the
cavity half spacing. Figure 8 examines the fracture of martensitie
stainless steel at 873°K under an applied étress of 150 MPa. The figure
shows that once the ratio of cavity radius to cavity half spacing
reaches 0.5 to 0.6, the growth rate is quite large and fracture occurs
readily after that. If diffusion controls the growth process, this ratio
could be as high as 0.8. Therefore, choosing a ratio of 0.6 is a
reasonable cutoff region for fracture since socurce cpntrol iz dominant
in our calculation. This is in good agreement with other theoretical
modéis (e.g., [41]). 1In addition, the figure shows that the time-to-
rupture is under predicted by orders of magnitude‘if the vacancy supply
is unexhaustiﬁle_ as 1is assumed by the diffusion growth models (e.g.,
Hull and Rimmer [1,4,7]).

Figure 9 shows a wider range of eﬁperimental data. The theoretical
model is again in good agreement with the experimental results over very
wide stress and temperature ranges. The figure clearly illustrates that
the rupture time decreases rapidly as témperature increases. Figure 10
isolates the data at 973°K to show the importance of modeling. This
figure contains data from experiments which are in progress. The model

is 1n fair agreement with the time-to-fracture of these specimens.
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Figure 8. A typical growth behaviour of cavities. Theoretical modelling
of martensitic stainless steel ,pre-injected with 90 appm He,
under an applied stress of 150 MPa at 87301(.
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Figure 9. A comparison of calculated and experimental Time-to-Rupture for pre-

irradiated martensitic stainless steel at various temperatures {Data
ref. [47]).

199




Martensitic SS ; He = 90 appm Data by Wassilew at 973°k
a Fracture did not Occur Yet
w Experiment Completed

Thepretical Prediction

Applied Stress ({MPa)

{E 1 e — ety SS—

i€ 6 £ 7 € 8 {E g
Rupture Time (sec)

Figure 10. A comparison of calculated and ev(perlmental Tlme-to -Rupture for pre-
irradiated martensitic stainless steel at 973°K (Data ref. [471).
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4.2.2. Austenitic Stainless Steels. Two types of austenitic stainless

steels were employed in the tests conducted by Wassilew [44, 47], 1.4970
and 1.4962. The creep rate stress dependence of both types of steel are.
jdentical for the unirradiated and the irradiated material. However,
two ranges of extremely different stress dependences of creep rate after

irradiation can be identified:

1. In the high stress range (o > 150 MPa) the stress dependence of
creep rate is extremely high and similar for both steels,

before and after irradiation (n=20).

2. In the low stress range (o < 150) the stress dependence of

creep rate is proportional to the square of the applied stress.

Figure 11 compares the theoretical model with experimental data for
1.4970 stainless steel tested at high stressed (n=20). The climb dis-
tance utilized in the theoretical model is limited by the inter—particle
half spacing. The theoretical model is in reasonable agreement with the
experimental data. The figure indicates again that irradiation can
result in a reduction in the time~to-rupture by about one order of mag-
nitude. Figure 12 compares the theoretical with the experimental data
at lower stresses (n=2). The calculated times-to-rupture for high and

lower stresses are in good agreement with the experimental results,

Figures 13 and 14 compare the theoretical and experimental rupture
data at high and low stresses (m=20 and n~2, respectively). The pre-

jrradiated steels contain 140 appm helium. The theoretical model is in
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Figure 11. A comparison of calculated and experimental Time-to-Rupture
for austenitic stainless steel at 973K (Data ref. [47]).

(0>150 MPa , He=90 appm)
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Figure 12. A comparison of calculated and experimental Time-to-Rupture for
pre-irradiated austenitic stainless steel at 973°K (Data ref.]47])
(<150 MPa , He=90 appm)
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Figure 13. A comparison of calculated and experimentaloTime-to—Rupture for
pre-irradiated austenitic stainless steel at 973 'K (Data ref.[47]).
(0>150 MPa , He=140 appm)
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Figure 14. A comparisoa of calculated and experimental Time-to-Rupture for
pre-irradiated austenitic stainless steel at 973 K (Data ref.[47]).
(0<150 MPa , He=140 appm)
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close agreement with the experimental data. If we examine Figs. 11 and
13, a cutoff stress of about 150 MPa should have been utilized and lower
stress data points are actually part of a transition zonme between the

high and low stress regions. An additional note to mention is that,
increasing the helium from 90 appm to 140 appm does not affect the
bubble density significantly to alter the fracture times, but rather it

affects the creep rate and hence the growth rate of these cavities.

4,2.,3, Martensities Versus Austenitics. The experimental data as well

as the theoretical model shown in Fig. 15 indicate that the rupture
properties of austenitics are favored over martensitics even after the
helium injected reaches 90 appm. If we examine the creep rates provided
in Table 1, it 1s obvious that the creep rate is much higher in marten-
sitics than in aﬁétenitics. This results in a marked difference in the
ductility behavior between the two steels. At rupture, although the
time-to-rupture in austenitics is much larger than ferritics, martensi-
tics provide a larger amount of deformation than austenitics, provided

that the primary and tertiary creep regimes are included.

4.3. In-Pile Results

Figure 16 represents the theoretical findings of in-pile rupture
gimulation of martensitic stainless steel. The figure clearly shows a
severe reduction in the time-to-rupture in in-pile specimens as a result
of the helium embrittling effect. As expected, the reduction in the
rupture time from unirradiated specimen is more severe in in-pile tests
as compared to out-of-plle tests. This can be attributed to the fact

that the in-pile creep rate is significantly higher [48]. A higher
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Figure 16. A theoretical comparison of the stress rupture dependence of the
Time-to-Rupture of %nirradiated and inpile tested martensitic
stainless steel at §73 K.
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creep rate results in enhanced bubble growth by creep deformation and an
anhanced supply of vacancies from dislocation entering the boundary. In
addition, the bubble structure at grain boundaries is established during
the early stages of irradiation, as discussed in Chapter V. However,
continuous irradiation results in the accumulation of helium atoms in
existing bubbles as shown in Fig. 17. This drives the pressure to
increase significantly as shown in Fig. 18. The increase in the inter-
nal pressure causes the bubble to enlarge to the size that satisfies the
stability criterion. However, a sharp drop in the pressure occurs once
the bubble starts to grow by the excess vacancy flux. This is shown in
Fig. 18. This confirms that the growth of grain boundary bubbles under
in-pile condition is an instability as was suggested by Brailsford and
Bullough [49].

Bullough, Harries and Hayns [51] utilized the Brailsford and
Bullough Model [50] to describe the creep rupture during irradiation.
The basic difference between our results and theirs is that we calculate
the number of helium atoms arriving to the grain boundary bubbles as a
function of time from our comprehensive model. In the work of Bullough
et al. [51], the total amount of helium generated was assumed to be
absorbed by bubbles without any time dependence. In addition, no

distinction between matrix and grain boundary bubbles was made.

5. CONCLUSIONS

1. Grain boundary bubbles and cavities are lenticular in shape

with a dihedral angle of at most 17 deg.
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Figure 17. A typical helium atoms accumlation at grain boundary buubbles
as a result of continuous irradiation.
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Figure 18. Pressure build-up in grain boundary bubbles as a result of helium
atoms accumlation.This results in an instability in the bubble growth.
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2.

In the abhsence of drradiation, precipitates at sliding
boundaries are preferential sites for cavity nucleation. 1In
their absence, creep fracture by grain boundary cavitation

does not occur.

The nucleation process of grain boundary bubbles and cavities
is quite fast and the time-to-rupture is controlled primarily

by the growth rate of void nuclei.

Helium gas re-solution due to the interaction of displacement
damage with gas-filled cavities in a process of prime impor-
tance to matrix cavity re-nucleation. Increasing the bubble
density in the matrix can result in a reduction in the amount
of helium reaching grain boundaries. This will delay the

occurrance of grain boundary cavity instability and hence a

better resistance to helium embrittlement.

Irradiation results in a significant enhancement of the

boundary cavity population.

Higher helium implantation rates result in a higher grain

boundary bubble density.

The grain boundary bubble density reaches a steady state at

large amounts of injected helium (~ 10 appm).

Although the model predicts absolute time-to-rupture values,

it clearly shows that the rupture times determined from
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10.

11.

12.

post-irradiation creep tests 1s significantly different from

those of in—-pile experiments.

Post-irradiation tests do mnot accurately describe the in-
reactor bebavior. To promote the understanding of helium

embrittlement, in-pile experiments should be conducted.

The model provides an explanation of the creep rupture
properties of ferritic/martensitic and austenitic stainless
steels. The new explanation states that dislocation climb in
austenitics at grain boundaries is limited by precipitates
while it is limited to the interbubble spacing in martens-—
itics. This is due to much larger possible slip systems in
martensitics; Therefore, secondary grain boundary dislocation
motion impeded by bubbles can leave the bounda}y in marténs—
ities while it is 1éss likely to leave the boundary in austen-
itics as a result of the reduced possible slip systems in
austenitics. This translates into a reduced vacancy source in

martensitics.

Implementing the new explanation of the rupture properties of
martensitics in the model has yielded an excellent description
of the stress and temperature dependence of the measured

rupture times.

The time—to-rupture decreases significantly at a given stress
with an increase in temperature for austenitics as well as

martensitics.
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13.

14-

15.

15,

Grain boundary bubble growth rate can be reduced by limiting
dislocation ¢limb in the boundary. This can be done by

increasing precipitate density at grain boundaries.

Grain boundary bubble growth can also be reduced by reducing
the creep rate. This limits bubble growth by creep deforma-
tion as well as reduces the vacancy supply by dislocations
entering the boundary. This has also been recently suggested

by Kesternich [52].

An increase in the bubble surface energy will cause the insta-
bility to occur at higher pressures for in-pile tests and

hence improve the rupture times.

An increase in the matrix precipitate density can result in a
reduction in the amount of helium reaching grain boundaries,
as suggested in Chapter IV. This will deiay the occurrance of
grain boundary cavity instability, and will result in a bétter
resistance to the helium embrittling effect. Recent experi-
mental investigations [53,54] support this theoretical

finding.
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