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Using a concurrent multiscale approach we demonstrate that the local environment of transition-metal
solutes in refractory bcc metals has a large effect on the mobility and slip paths of dislocation. The results
reveal that solid solutes or nanoclusters of different geometries may lead to solid-solution hardening or soft-
ening, in agreement with experiment, including spontaneous dislocation glide and activation of new slip
planes. The underlying electronic mechanism is the change in the anisotropy of the lattice resistance induced
by solutes.
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Solute atoms are ubiquitous in metals and play a key role
in altering their mechanical properties �e.g., strength and
ductility�. Experimental studies during the past several de-
cades indicate that solutes can give rise to both solid-solution
hardening �SSH� and solid-solution softening �SSS�.1,2 The
origin of SSH/SSS is due to the interaction between disloca-
tions and solutes and/or precipitates in materials. In most
situations, the dislocation behavior is considerably different
in the realistically dirty materials, where dislocation mobility
can vary by several orders of magnitude. This significant
influence induced by small amounts of solutes is of great
practical importance to, for example, the bcc refractory met-
als �Nb, W, Ta, and Mo�. These systems exhibit unique me-
chanical properties that make them attractive for structural
applications at elevated temperatures. An inherent drawback
limiting the use of these materials as structural components
is their reduced low-temperature toughness, which in turn
increases the propensity toward fracture. Thus, the challenge
in design of advanced alloys is to combine strengthening and
toughening phases with a better balance of properties.

Continuum elasticity theory has provided considerable in-
sight of SSS/SSH in terms of the size and elastic constants
between the solute and host atoms. The correlation between
the hardening rate and number of conduction electrons of
transition-metal solutes, however, indicates a nonlinear
chemical origin of the dislocation-solute interaction.3,4 In
their pioneering work, Trinkle and Woodward3 using the
first-principles Greens function boundary condition �FP-
GFBC� method,5 demonstrated the transition-metal solutes
can have a large effect on the dislocation core and hence the
mobility. Nevertheless, understanding the physics of interac-
tions of dislocations with nanoclusters remains a challenging
problem.

In this paper, we have developed a concurrent multiscale
approach, which opens the door to studying the important
problem of chemistry effect on the mechanical properties of
metals. This approach treats correctly the long-range elastic
field of the dislocation and describes the solute-host atomic
interaction in the core region accurately. We have applied
this approach to the Ta-W alloys, two prototype bcc metals,
because �1� experiments have shown the dual nature of W:
the addition of 2.5–10.0 wt.% W in Ta increases the strength

while it enhances substantially the ductility at high
strain-rates;6,7 and �2� the high solubility of W in Ta allows a
wide range of local environments. The results demonstrate
the multinature of W solutes. Depending on the solute local
environment �random solid solution or nanoclusters of differ-
ent geometry�, the mobility may exhibit a wide spectrum of
unusual behavior: SSS, SSH, or even a spontaneous disloca-
tion glide in the absence of external stress. Finally, W solutes
can serve as obstacles to dislocation motion and activate new
slip planes.

The concurrent multiscale approach is based on that pro-
posed by Choly et al.8 The system, shown in Fig. 1, is di-
vided into: region I, which includes the dislocation core and
the solutes, is treated within the framework of density-
functional theory �DFT�; region II which refers to the rest of
the system is treated with the embedded atom method
�EAM� or Finnis-Sinclair �FS� potentials; and the boundary
�B� region introduced to reduce the coupling errors between

FIG. 1. �Color online� Schematic view of the partitioned multi-
scale system: Region I �red/gray� contains the core of the screw
dislocation �marked by D�; Region II �blue/dark gray� consists of
atoms treated with EAM; and the boundary �B� region �green/light
gray� consists of atoms on the boundary between regions I and II.
Periodic boundary conditions are used along the �111� dislocation
line.
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regions I and II, respectively. The total energy of the system
can be written as8

E�I + II� = EDFT�I� + EEAM�II� + Eint�I,II� . �1�

Here, EDFT�I� is the energy of region I in the absence of
region II obtained by DFT calculations, EEAM�II� is the en-
ergy of region II obtained by EAM calculations in the ab-
sence of region I, and Eint�I , II� represents the interaction
energy added to give the correct total energy of the whole
system. In the present approach Eint�I , II� is calculated by the
EAM potential,

Eint�I,II� = EEAM�I + II� − EEAM�I� − EEAM�II� . �2�

This treatment of the interaction energy yields the following
expression for the total energy:

E�I + II� = EEAM�I + II� − EEAM�I� + EDFT�I� , �3�

where EEAM�I+II� is the energy of the entire region calcu-
lated from the EAM, and EEAM�I� and EDFT�I� are the ener-
gies of region I in the absence of region II obtained by EAM
and DFT calculations, respectively.

Differentiation of Eq. �3� with respect to the atomic posi-
tions RI and RII in regions I and II, respectively, yields that
the forces on the DFT and EAM atoms are

�Fi�I� = −
�E�I + II�

�Ri
I = Fi

EAM�I + II� − Fi
EAM�I� + Fi

DFT�I� ,

Fi�II� = −
�E�I + II�

�Ri
II = Fi

EAM�I + II� . �
�4�

Equation �4� shows that the forces on the atoms in region II
are solely determined by the EAM potential while those on
the atoms in region I have several contributions. The bound-
ary between regions I and II introduces a fictitious surface,
which in turn gives rise to substantial ghost forces on the
atoms which lie the vicinity of the boundary, namely, in re-
gion B. These forces, which are due to the mismatch in the
DFT and EAM forces on the surface atoms and the fictitious
surface, severely degrade the accuracy of the approach. In
order to improve the quality of the coupling across the
boundary we have proposed an improved coupling scheme in
our previous work.9 The correction force on the atoms in B is

Fi
corr�B� = − Fi

DFT�B� + Fi
EAM�B� , �5�

yielding

Fi�B� = Fi
EAM�I + II� �6�

for the force on these atoms. The introduction of the correc-
tion force requires the corresponding correction of the total
energy Etot of the entire system to guarantee the consistency
between the forces and the energy. Thus, the total energy Etot
becomes

Etot = E�I + II� − 	
i�B

Fi
corr�B� · ui�B� , �7�

where ui�B� is the displacement of a boundary atom at each
relaxation step and the sum is over all atoms in B. Etot is

minimized by employing conjugate gradient techniques until
the maximum force is smaller than 0.01 eV /Å. More details
of the methodology can be found in Ref. 9.

The size of the entire system is 251 Å�145 Å
�2.86 Å along the �110�, �112�, and �111� directions, re-
spectively, containing 5400 atoms. Region I is 22 Å
�28 Å�2.86 Å and contains 96 atoms. All atoms are ini-
tially displaced according to the isotropic elastic solution of

the screw dislocation with Burgers vector b� = �111�a /2, and
are then relaxed by the concurrent multiscale approach,
which takes into account the anisotropic effects. Periodic
boundary conditions are applied along the �111� direction
and fixed boundary conditions are employed along the other
two directions, respectively. The DFT cluster calculations in
region I were carried out using the VASP code.10,11 We have
used a 1�1�8 k mesh according to the Monkhorst-Pack
scheme.12 The generalized gradient approximation
functional13 is used to treat the exchange and correlation po-
tential, and the cutoff energies are set at 240 eV for both Ta
and W. The EAM calculations employed the Ackland
potential14 for pure Ta and the Johnson scheme15 for con-
structing the Ta-W interatomic potential. It should be empha-
sized that the quality of the Ta-W classical interaction is not
crucial in this multiscale approach, due to the cancelation
between the first two energy terms in Eq. �3�, provided that
the various atomic species are well within region I. The ex-
ternal stress is applied by displacing equally the atoms in the

outermost �101̄� and �1̄01� planes along the �1̄1̄1̄� and �111�
directions, respectively. The corresponding shear stress, �yz,
is calculated as the component of the area-averaged force on
the surfaces parallel to the Burgers vector.

In Fig. 2 we show the relaxed dislocation core structure in
pure Ta under zero stress �left panel� and 1.8 GPa �right
panel�, respectively, using the differential displacement �DD�
maps.16 The arrows indicate the relative �111� displacement
of neighboring atoms of the dislocation. The length �direc-
tion� of the arrow denotes the magnitude �sign� of the dis-
placement difference. When the arrow touches the centers of
the two atoms, their relative displacement is b /3. The dislo-
cation core for pure Ta is nondegenerate and spreads sym-
metrically on the six planes. Upon increasing �yz on the

�101̄� planes, the dislocation center moves to the next Peierls
valley at the critical stress �P of 1.8 GPa. Comparison of
�P and the core structure in Table I employing different
approaches demonstrates that the concurrent multiscale

FIG. 2. �Color online� DD map of the core of the screw dislo-
cation in Ta under �a� zero stress �left panel� and �b� 1.8 GPa �right
panel�. Circles of different color �brightness� represent atoms on
three successive �111� planes.
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approach is in excellent agreement with the results of the
FP-GFBC method.5

In order to show the effect of the fixed boundary condi-
tion when the dislocation moves, we plot in Fig. 3 the atomic
displacement for pure Ta along the �111� direction normal-
ized to b for all atoms lying in a circular shell of 30 Å radius
centered at the dislocation core versus the angle � with re-

spect to the �1̄21̄� direction. Note that the dislocation core

has moved by 2.7 Å along the �12̄1� direction under the
stress of 1.8 GPa. Thus, the dislocation core is still quite far
�
115 Å� from the boundary of the entire system consisting
of regions I and II. The displacement fields for 0 GPa and 1.8
GPa, respectively, are very similar. The maximum difference
in atomic displacement is about 2% of b. Thus, these results
demonstrate that the boundary condition does not have an
effect on the dislocation core structure and the Peierls stress.

In order to study the effect of local environment of the
solute on the mobility of the screw dislocation, we have con-
sidered the cases of �i� dilute random solid solutions where
the dislocation line is affected only by isolated solute atoms
�ISA� shown in Fig. 4�a�, and �ii� small clusters of solute
atoms of hexagonal shape �CSA-H� shown in Fig. 4�b� or of
triangular shape �CSA-T� shown in Fig. 4�c�. In all cases the
W concentration is �6 at % and the W atoms are denoted
with black circles. The upward triangle, downward triangle,
square, and solid dot denote the position of the dislocation

center under 0.0, 1.0, 1.5, and 2.0 GPa, respectively. In the
absence of stress the core center is at point � in panel �d� for
the ISA and the CSA-T cases, while it is unstable �dashed
cross in panel �b�� for the CSA-H case. Interestingly, in the
latter case the dislocation center is repelled by the CSA-H
and spontaneously moves to the position of the upward tri-
angle under the precipitate-induced chemical stress. Under
1.0 GPa, both in the ISA and CSA-H cases the dislocation

prefers to bypass the W sites and moves on the �01̄1� plane.
Upon increasing the stress to 1.5 GPa, the behavior changes:
the dislocation in ISA continues to move, while it is pinned
in CSA-H. The dislocation in CSA-H begins to move further
under 1.8 GPa, as in the case in pure Ta. In sharp contrast to
the other two cases, the dislocation core is pinned at � in the
CSA-T case until the stress reaches 2.0 GPa, where the cen-

ter moves on the �1̄10� glide plane. The calculated values of
critical stress, �P, and polarization,17 p, are listed in Table II,
for the ISA, CSA-H, and CSA-T environments. Both ISA
and CSA-H result in SSS, while CSA-T produces SSH. In all
cases, W solutes have a small effect on the polarization, in-
dicating the absence of correlation between the polarization
and �P.

Edagawa et al.19 suggested that the dislocation motion in

TABLE I. Peierls stress ��P� and core structure for a screw
dislocation in Ta using the present multiscale approach, the FP-
GFBC method, the EAM, and the modified generalized pseudopo-
tential theory �MGPT�.

�P�GPa� Core structure

present work 1.8 Nondegenerate

FP-GFBC5 1.8 Nondegenerate

EAM17 1.8 Degenerate

MGPT18 0.6 Nondegenerate

FIG. 3. �Color online� Atomic displacement for pure Ta along
�111� normalized to b for all atoms lying in a circular shell of 30 Å
radius centered at the dislocation core versus the angle � with re-

spect to the �1̄21̄� direction. The black solid and red �gray� dashed
curves correspond to 0 and 1.8 GPa external shear stress,
respectively.

FIG. 4. �Color online� Screw dislocation slip paths under stress
for three configurations of W solutes denoted by black circles: �a�
isolated solute atoms �ISA� and nanoclusters of �b� hexagonal
�CSA-H� or �c� triangular �CSA-T� shape. The upward triangle,
downward triangle, square, and solid dot denote the position of the
core center under 0.0, 1.0, 1.5, and 2.0 GPa, respectively. Panel �d�
displays the special points and directions in Fig. 5. � indicates the
initial position of the dislocation.

TABLE II. �P �GPa� and polarization �Ref. 17�, p, for isolated
solute atoms �ISA�, nanoclusters of solute atoms of hexagonal
shape �CSA-H�, or of triangular shape �CSA-T�, shown in Fig. 4.

ISA CSA-H CSA-T

�P 1.0 1.0 2.0

p 0.10 0.04 0.00
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bcc metals can be represented by the Peierls potential surface
�PPS�, a two-dimensional �2D� surface perpendicular to the
Burgers vector. The profile of PPS is a valuable quantity to
measure the lattice resistance to dislocation motion. Using
the present approach we have determined the PPS by moving
the dislocation center along different directions in Fig. 4�d�.
The PPS along the various �12̄1� directions for pure Ta, the
ISA, and the CSA-T environments is shown in Fig. 5�a� and
the corresponding PPS for CSA-H is shown in Fig. 5�b�. The

Peierls barrier along the �12̄1� ��-K�� and �2̄11� ��-J�� di-
rections are reduced compared to pure Ta, consistent with the
results of �P in Table II. On the other hand, the CSA-H

environment has a large effect on the PPS along the �1̄21̄�
direction, where the Peierls barrier between � and K is
greatly reduced, which is the reason why the dislocation
glides spontaneously �under zero stress� in Fig. 4�b�. Finally,

for the CSA-T configuration, the barrier along �12̄1� on the

�1̄01� plane increases, while that along �1̄1̄2� on the �1̄10�
plane remains the same as in Ta. Thus, the dislocation first

glides on the �1̄10� plane, which is different from that in
pure Ta.

In order to understand the underlying mechanism of the
dislocation-solute interaction, we present in Fig. 6 the
change in energy, �E�X−X�� u

b �, per unit length to displace an
atomic row of X atoms �X=Ta, W� by u along �111� relative
to a nearest-neighbor Ta atomic row.3,4,20 We find that W
increases substantially the inter-row shear energies for the
Ta-W and W-W rows and the lattice resistance when the
dislocation center is in the vicinity of W. This in turn in-
creases �P and hence SSH. On the other hand, the disloca-
tion tends to bypass W and changes the slip plane and/or slip
direction. This could be achieved by either cross slip or kink
formation. The definitive mechanism requires further study.
The interplay between dislocation pinning, cross slip, and
kink nucleation is responsible for the multitude of plastic
behavior observed in solid-solution alloys.

In summary, we have employed a concurrent multiscale
approach to study the effect of chemistry on the dislocation
mobility in refractory bcc metals. The unique feature of this
approach is that it treats correctly the long-range dislocation
strain field, while allowing the quantitative treatment of the
effect of chemistry on the dislocation core. The multiscale
approach yields a core structure and dislocation mobility for
Ta in excellent agreement with the FP-GFBC method.5 We
have demonstrated that the local environment of W solutes
changes the anisotropy of the lattice resistance, and hence it
has a large effect on both the dislocation mobility and slip
paths: it may lead to SSS, SSH, or even a spontaneous dis-
location glide.
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00116566, U.S. Army Research Office under Grant No.
W911NF-04-1-0058, and U.S. DOE SciDAC under Grant
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FIG. 5. �Color online� Peierls potential along the various �12̄1�
directions in Fig. 4�d� for �a� Pure Ta �solid curve�, the ISA �dashed
curve�, and the CSA-T �dotted curve�, and �b� for the CSA-H. The
direction and special point in parenthesis in Fig. 5�a� correspond to
the CSA-T environment.

FIG. 6. �Color online� Energy change per unit length,
�E�X−X�� u

b � �X=Ta,W�, versus the normalized atomic-row displace-
ment u /b along �111�.
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